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This work focuses on the nucleation and growth mechanisms of GaN nanowires
(NWs) by molecular beam epitaxy (MBE). The two main novelties of this study are
the intensive employment of in-situ techniques and the direct comparison of self-
induced and catalyst-induced NWs. On silicon substrates, GaN NWs form in MBE
without the use of any external catalyst seed. On sapphire, in contrast, NWs grow
under identical conditions only in the presence of Ni seeds. NW nucleation was
studied in situ by reflection high-energy electron diffraction (RHEED) in correla-
tion with line-of-sight quadrupole mass spectrometry (QMS). The latter technique
allows to monitor the incorporated amount of Ga.
For the catalyst-assisted approach, three nucleation stages were identified: first
incorporation of Ga into the Ni seeds, second transformation of the seed crystal
structure due to Ga accumulation, and last GaN growth under the seeds. The
crystalline structure of the seeds during the first two stages is in accord with the
Ni-Ga binary phase diagram and evidenced that only Ga incorporates into the Ni
particles. GaN forms only after the Ga concentration is larger than the one of Ni,
which is in agreement with the Ni-Ga-N ternary phase diagram. The observation
of diffraction patterns generated by the Ni-Ga seed particles during the whole nu-
cleation evidences the solid state of the seeds. Therefore nucleation is ruled by the
vapor-solid-solid mechanism. Moreover, the QMS study showed that it is not Ga
incorporation into Ni but GaN nucleation itself that limits the growth processes.
For the self-induced NWs, QMS and RHEED investigations indicate very similar
nucleation processes on Si(001) and Si(111) and two nucleation stages were identi-
fied. Transmission electron microscopy on samples grown on Si(001) revealed that
the first stage is characterized by the competition between the nucleation of crys-
talline SixNy and GaN. During this stage, the Si surface strongly roughens by the
formation of pits and Si mounds. At the same time, very few GaN islands nucleate.
During the second stage, the amorphization of the SixNy layer leads to the mas-
sive nucleation of GaN islands that are free of the substrate lattice constraint and
therefore form in the wurtzite (WZ) structure.
The processes leading to NW nucleation are fundamentally different for both
approaches. In the catalyst-assisted approach, Ga strongly reacts with the catalyst
Ni particles whose crystal structure and phases are decisive for the NW growth. In
the catalyst-free approach, N forms an interfacial layer with Si before the intense
nucleation of GaN starts, and the lattice-mismatch to the substrate plays the most
important role.
Both approaches are viable to produce NWs within the same range of substrate
temperatures and V/III ratios, provided the latter is larger than one (N-excess). Both
yield monocrystalline GaN NWs of WZ structure, which grow in the Ga-polar di-
rection. However, strong differences are also observed. First, the catalyst-assisted
NWs are longer than the catalyst-free ones after growth under identical conditions
(duration, substrate temperature and V/III ratio), and the former grow at the rate
of the supplied N. This observation can be explained by the local Ga-excess es-
tablished at the Ni-particle position. Therefore, this result is in good agreement
with the catalyst-assisted nucleation model described above. In contrast, the self-
induced NWs grow with an intermediate rate between the supplied Ga- and N-
rates. Second, the catalyst-assisted approach provides GaN NWs that contain many
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stacking faults, while the catalyst-free ones are largely free of defects. Third, the
photoluminescence (PL) of the catalyst-free NWs is narrower and much more in-
tense than the one of the catalyst-assisted NWs. All of these differences can be
explained as effects of the catalyst. The seed captures Ga atoms arriving at the
NW tip more efficiently than the bare top facet in the catalyst-free approach. In
addition, stacking faults could result from both the presence of the additional solid
phase constituted by the catalyst-particles and the contamination of the NWs by
the catalyst material. Finally, such contamination would generate non-radiative
recombination centers and in turn reduce the PL intensity. Thus, the use of cata-
lyst seeds may offer an additional way to control the growth of NWs, but both the
structural and the optical material quality of catalyst-free NWs are superior.
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Zusammenfassung
Diese Arbeit befasst sich mit der Keimbildung und den Wachstumsmechanismen
von GaN-Nanodrähten (NWs), die mittels Molekularstrahlepitaxie (MBE) herge-
stellt wurden. Die Hauptneuheiten dieser Studie sind der intensive Gebrauch von
in-situ Messmethoden und der direkte Vergleich zwischen katalysatorfreien und
katalysatorinduzierten NWs. In der MBE bilden sich GaN-NWs auf Silizium ohne
Katalysator. Auf Saphir dagegen wachsen NWs unter den gleichen Bedingungen
nur in der Anwesenheit von Ni-Partikeln. Die Nanodraht-Keimbildung wurde in
situ mittels Beugung hochenergetischer Elektronen in Reflexion (RHEED) sowie
Quadrupol-Massenspektrometrie in Sichtlinie (QMS) studiert. Die letztere Metho-
de ermöglicht die Beobachtung der eingebauten Ga-Menge.
Für den katalysatorinduzierten Ansatz wurden drei Nukleationsstadien identifi-
ziert: erstens der Einbau von Ga in die Ni-Partikel, zweitens die Umwandlung der
Partikelkristallstruktur durch Ga-Anreicherung und drittens das GaN-Wachstum
unterhalb der Ni-Partikel. Die Partikelkristallstrukturen während der zwei ersten
Stadien stimmen mit dem binären Ni-Ga Phasendiagramm überein und bestäti-
gen, dass nur Ga in die Ni-Keime eingebaut wird. GaN wächst erst wenn die Ga-
Konzentration größer als jene von Ni wird, was mit dem ternären Ni-Ga-N Pha-
sendiagramm übereinstimmt. Die Beobachtung von durch die Ni-Ga Partikel ver-
ursachten Beugungsbildern während der gesamten Nukleation beweist den fes-
ten Aggregatszustand der Partikel. Daher ist die Nukleation durch den Gas-Fest-
körper-Festkörper (VSS) Mechanismus bestimmt. Überdies zeigt die QMS Studie,
dass das GaN Wachstum nicht durch den Einbau von Ga in Ni begrenzt ist, sondern
durch die GaN-Keimbildung selbst.
Für die katalysatorfrei auf Si(001) und Si(111) gewachsenen NWs weisen QMS-
und RHEED-Untersuchungen auf sehr ähnliche Nukleationsabläufe hin, und zwei
Nukleationsstadien wurden identifiziert. Transmissionselektronenmikroskopie
von auf Si(001) gewachsenen Proben zeigt, dass das erste Stadium durch die kon-
kurrierende Bildung von kristallinem SixNy und GaN charakterisiert ist. In diesem
Stadium wird die Si-Oberfläche durch die Bildung von Gruben und Si-Hügeln im-
mer rauer. Gleichzeitig nukleieren einige wenige GaN Inseln. Während des zweiten
Stadiums führt die Amorphisierung der SixNy-Schicht zur starken Nukleation von
GaN-Inseln, die von der epitaktischen Beschränkung durch das Substrat frei sind
und deswegen die Wurtzitstruktur (WZ) bilden.
Die Nukleationsprozesse sind für beide Ansätze fundamental verschieden. In
dem katalysatorinduzierten Ansatz reagiert Ga stark mit den Ni-Keimen, deren
Kristallstruktur für das Nanodraht-Wachstum entscheidend sind. In dem katalysa-
torfreien Ansatz bildet N eine Zwischenschicht mit Si vor der ausgeprägten GaN-
Nukleation, und die Gitterfehlanpassung mit dem Substrat spielt die wichtigste
Rolle.
Mittels beider Ansätze wachsen NWs in den gleichen Bereichen von Temperatur
und V/III-Verhältnis. Beide liefern einkristalline GaN-NWs mit WZ-Struktur, die in
Ga-polarer Richtung wachsen. Allerdings wurden auch starke Unterschiede beob-
achtet. Erstens sind unter denselben Wachstumsbedingungen (Dauer, Temperatur
und V/III-Verhältnis) die katalysatorinduzierten NWs länger als die katalysator-
frei gewachsenen. Außerdem wachsen erstere schneller, nämlich mit der Rate des
angebotenen N. Diese Beobachtung wurde auf den lokalen Ga-Überschuss im Ni-
Partikel zurückgeführt. Daher stimmt dieses Ergebnis mit dem obigen Nukleati-
onsprozess überein. Im Gegensatz dazu liegt die axiale Wachstumsrate der kataly-
satorfreien NWs zwischen den angebotenen Ga- und N-Raten. Zweitens enthalten
die mit Katalysatorhergestellten GaN NWs viele Stapelfehler, während die kataly-
satorfreien größtenteils defektfrei sind. Drittens ist die Photolumineszenz (PL) der
katalysatorfreien NWs schärfer und viel intensiver als jene der katalysatorinduzier-
ten NWs. Alle diese Unterschiede können auf den Katalysator zurückgefürt wer-
den. Die Ni-Partikel sammeln die an den Nanodraht-Spitzen ankommenden Ga-
Atome effizienter ein als die unbedeckte oberste Facette im katalysatorfreien Fall.
Außerdem können Stapelfehler sowohl aus der zusätzlichen Festkörperphase des
Ni-Katalysators als auch aus der Verunreinigung der NWs mit Katalysatormaterial
resultieren. Solch eine Kontaminierung würde schließlich nicht-strahlende Rekom-
binationszentren verursachen und so die PL-Intensität verringern. Somit mag die
Verwendung von Katalysatorkeimen zusätzliche Möglichkeiten bieten, das Wachs-
tum von NWs zu kontrollieren. Jedoch sind sowohl die strukturellen als auch die
optischen Materialeigenschaften der katalysatorfreien NWs überlegen.
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1 Introduction and objectives
The ongoing miniaturization of semiconductor devices has been driven by the need
for cost and energy consumption reduction along with the improvement of productiv-
ity and performance. Reaching the nanoscale is all the more interesting in that new
phenomena, functionalities and technological concepts become possible. To synthesize
such innovative devices, the conventionally employed top-down processes are getting
cost-prohibitive. In contrast, bottom-up methods might emerge as an inexpensive fu-
ture alternative. These latter methods are based on the natural organization of matter
at various length scales, from atomic and molecular species to individual nanoscale
building blocks, and further to higher-level functional assemblies [1, 2]. These fabri-
cation processes offer the potential of low-cost high-volume production with a diverse
range of materials associated to the advantage of new device designs [1, 3–5]. How-
ever, before development and commercialization, these building-blocks have first to
be synthesized with predictable physical, electronic and optoelectronic properties for
their integration in reliable devices. In addition, a hierarchical architecture has to be
developed for their assembly into functional devices in a reproducible way [6].
Among such building-blocks, nanowires (NWs) are of both fundamental and techno-
logical interest. These nanostructures have a large surface-to-volume ratio and can also
exhibit a reduced dimensionality [7]. This quasi one-dimension morphology offers
the possibility to investigate surface-mediated phenomena, and dielectric and quan-
tum confinement effects which strongly affect the NW physical properties. In addition,
compared to quantum dots, NWs are easier to contact and to handle and they can be
used as active devices, as well as as interconnects or waveguides [8, 9]. Furthermore,
their small cross-sections can accommodate much larger lattice mismatch and thermal
expansion difference compared to planar layers, because strain is released at the free
NW sidewalls [10]. Hence, NWs offer a larger design freedom for the heteroepitaxy of
highly lattice-mismatched materials, which is crucial for the monolithic integration of
high performance III-V semiconductors with Si technology.
The design and fabrication of many different types of devices have already been de-
monstrated for applications in electronics, computing, photonics, sensing, and biology
[1, 2, 6, 9]. In the context of the global need for renewable energy sources, this in-
terest has been extended to photovoltaics. In this latter case, radial p-type/intrinsic/n-
type junctions offer the additional advantage of decoupling light absorption and carrier
collection into orthogonal directions, yielding shorter carrier collection lengths and in
turn, a higher collection efficiency [11].
GaN and its related III-nitride compounds have received significant attention over the
past 20 years since the first fabrication of blue light-emitting diodes (LED) [12]. These
materials are of primary interest for solid-state lighting and photovoltaics because their
1
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direct bandgap covers the ultraviolet to the infrared region of the electromagnetic spec-
trum. For instance, the "multigap" of InGaN offers a great opportunity to create ultra-
high efficiency tandem solar cells sensitive to the full solar spectrum [13]. In addi-
tion, the potential of III-nitrides extends to many other fields from high-power and
high-temperature electronics to medical and sensor applications. However, the lack of
lattice-matched substrates is the main impediment for achieving high quality material
and constant efforts have been employed in order to reduce the density of extended de-
fects which degrade the efficiency and the lifetime of the devices. Hence, NWs appear
as an ideal solution to this dilemma, and for GaN evidence of their almost perfect crys-
tal quality has already been supplied, along with their strongly improved luminescence
compared to the one of the best HVPE layers available [14, 15].
So far, many growth techniques have been employed for the synthesis of GaN NWs.
Using molecular beam epitaxy (MBE), these NWs can grow catalyst-free [16, 17] or by
a catalyst-assisted approach [18, 19] depending on the choice of the substrate, and the
respective growth windows (V/III ratio and temperature) are similar. This observation
constitutes a unique opportunity to directly compare the properties of NWs grown by
both pathways under otherwise identical conditions. Indeed, typically the growth pa-
rameters are very different to form NWs by each approach and for many material sys-
tems only one of the two pathways is viable. The comparison of the catalyst-free and
catalyst-assisted approaches is all the more pertinent since in the case of the catalyst-
assisted approach, the use of a catalyst raises concerns over the contamination of the
NWs by the seed material and the deterioration of their properties in comparison to the
catalyst-free NWs. Thus, an assessment of the respective advantages and drawbacks of
both approaches is crucial for further applications.
The precise control over the NW chemical composition, structure, size, morphology,
position and growth direction is required for device integration, as these parameters
dictate the physical properties of the NWs [20] and the feasibility and the final per-
formance of the device. However, despite many studies [19, 21–28], the nucleation
and growth mechanisms of GaN NWs have not been fully clarified yet. Therefore, a
deeper understanding of the mechanisms and processes involved in NW growth is es-
sential. To this aim, only in-situ monitoring techniques can provide information on the
actual situation during nucleation and growth. Such studies have been rather scarce
up to now, and the lack of real-time information is even more severe for III-V-related
materials and catalyst-free methods than for Si-related materials and catalyst-assisted
methods. Thus, the in-situ investigation of the nucleation of GaN NWs grown by both
approaches would be very valuable.
The purpose of this work is to gain comprehension of the GaN NW nucleation and
growth mechanisms by in-situ monitoring techniques. In addition, the interrelation
between their structural and physical properties is investigated ex situ. For all of the
above studies, emphasis is given to the comparison of the two approaches mentioned
above, i.e. the catalyst-assisted and the catalyst-free growth of NWs.
Chapter 2 describes the fundamental concepts of molecular beam epitaxy (MBE) and
the MBE equipment with the in-situ monitoring techniques which were employed for
this thesis. These are reflection high-energy electron diffraction (RHEED) and quadru-
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pole mass spectrometry (QMS), a recently developed technique which provides the
growth rate versus time. This chapter also gives an introduction to NW growth ap-
proaches. Chapter 3 presents the experimental results on the real-time investigation
of GaN NW nucleation by QMS and RHEED in the framework of both the catalyst-
assisted and the self-induced approach. The different nucleation stages identified in
situ are further investigated ex situ by atomic force microscopy (AFM), scanning elec-
tron microscopy (SEM) and transmission electron microscopy (TEM) on samples for
which the growth was stopped at various instants of the nucleation. To extend these
basic studies, the evolution of these stages in dependence on the growth temperature
and the V/III ratio is studied by QMS. In addition, an overview of the current status of
NW nucleation studies precedes these experimental results at the outset of this chapter.
Chapter 4 deals with the material properties and the growth mechanisms of GaN NWs
in the framework of the catalyst-assisted and catalyst-free approach. At first, a brief sur-
vey of the GaN NW growth studies by MBE is presented. The major part of this chapter
is devoted to the analysis of the various characterization results (SEM, TEM and pho-
toluminescence (PL)). At the end of this chapter three main aspects are discussed in
which the two approaches significantly differ, i.e. the NW crystal quality, the growth
mechanism, and the optical properties. Lastly, chapter 5 concludes on the important
results of this work and gives an outlook on future interesting investigations.
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2 Epitaxial growth of nanowires
This chapter entails a brief overview of the experimental techniques and methods em-
ployed along this thesis. First, a description of the fundamental concepts of MBE
growth is proposed to the reader, which also entails experimental details on the MBE
equipment and the in-situ monitoring techniques. These in-situ monitoring techniques,
that are the reflection high-energy electron diffraction (RHEED) and the quadrupole
mass spectrometry (QMS) have been largely employed to investigate the nucleation of
GaN NWs that will be presented in chapter 3. It follows an overview on the NW growth
approaches and at last, details on the experimental procedures. Table 1 in appendix 5.2
lists all the samples focused on in this work and their respective growth parameters.
2.1 Molecular beam epitaxy
"MBE deserves a place in the history books", so is entitled an article published in Nature
Nanotechnology in 2007 giving an overlook on nanotechnology’ s "hidden history" [29].
Developed at the end of the 1960’s [30] in Bell Laboratories, MBE contributed largely to
the nanoscience and nanotechnology development by enabling fabrication of tailored
compound semiconductor structures with atomic layer precision.
The demonstration of a blue violet laser diode fabricated by MBE in Sharp Laboratories
in 2004 [31] definitely showed the potential of MBE to rival MOVPE technique also for
commercial applications. However, MOVPE stays the workhorse for industrial III-V
epitaxy due to its versatility for the gas sources, its large range of controllable growth
rates, and its high productivity with high uniformity achieved during deposition on
large surface areas. In contrast, advantages of MBE over the other important growth
techniques are the ultra-high vacuum (UHV) environment favorable to in-situ growth
analytics, the reduced consumption of the source materials, and its ability for accurate
control on deposition rate that makes it successful as a research tool.
2.1.1 Fundamental growth processes
The principle of MBE is the crystallization of thin films with a rate of typically 1 ML/s
in UHV via reactions between thermal-energy beams of the constituent elements and a
crystalline substrate surface maintained at an elevated temperature in order to enhance
surface diffusion. An important aspect of this growth technique is that the atoms and
/ or the molecules in the beams do not interact with each other before they reach the
substrate. Typically, MBE is used to grow epitaxial films i.e. the crystal structure and
orientations of the films are determined by the crystalline substrate.
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Figure 2.1: Schematics of the surface processes occurring during film growth by MBE.
Figure 2.1 illustrates the individual atomic processes which determine the film growth
in its initial stages. The molecules or atoms impinging on the substrate are adsorbed
through physisorption (Van der Waals forces type) or chemisorption (chemical reac-
tion with electron transfer). The adsorbed atoms or molecules may then migrate on the
substrate surface with a diffusivity determined by the substrate temperature and the
surface conditions. When they find a lower-energy site at ledges, kinks or defects they
may incorporate into the substrate lattice. Additionally, an adsorbed atom or molecule
may interact with others and form a stable or critical nucleus that might evolve into a
film for further incorporation. The not incorporated species re-evaporate due to ther-
mal desorption. All these processes are related to activation energies to be overcome
and their temperature-dependent rate constant k obeys an Arrhenius law [32]:
k ∝ exp(Ea/kBT), (2.1)
where Ea is the activation energy, kB the Boltzmann constant and T the temperature.
At the substrate surface, growth occurs far from thermodynamic equilibrium and is
governed mainly by the kinetics of the reaction between the topmost layers and the
impinging species.
On a mesoscopic scale, the film morphology develops according to one of the three
possible growth modes sketched in figure 2.2. The growth modes depend on many
factors like surface free energies, difference in lattice parameters and forces between
atoms of the deposited material and temperature. In the Frank-van der Merwe or layer-
by-layer growth mode, atoms in the film are more strongly bound to the substrate than
to each other and the energy is minimized when the substrate is entirely covered by
the planar (2D) film. In the Volmer-Weber (VW) mode, the substrate is not wetted by
the film, and three-dimensional (3D) islands grow directly on the substrate surface.
Atoms in the film are more strongly bound to each other than to the substrate. The
Stranski-Krastanov (SK) mode often appears for heteroepitaxial growth due to a lattice
mismatch between the substrate and the deposited layer inducing strain in the latter. In
this case growth occurs first in a layer-by-layer way before strain is elastically relaxed
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Figure 2.2: Schematics of the three crystal growth modes: layer by layer (Frank-van der Merwe), island
(Volmer-Weber) and layer plus island (Stranski-Krastanov).
by the formation of 3D islands. The transition 2D - 3D occurs once the elastic energy
counterbalances the surface energy required to form facets [33]. For further material
deposition, depending on the lattice mismatch plastic relaxation can also occur leading
to the formation of dislocations.
In the case of homoepitaxy, thermodynamics predicts a layer by layer growth mode.
However, under conditions far from equilibrium, kinetic limitations associated with
finite rates of mass transport processes can greatly affect the growth mode. For a vici-
nal surface consisting in terraces and atomic steps, adatom transport implies not only
transport across terraces (intralayer) but also across steps (interlayer). Each transport is
related to different activation barriers. Their difference constitutes the Ehrlich-Schwoebel
barrier (ES barrier) and corresponds to the reduction of the coordination of an adatom
while crossing the step-edge as illustrated in figure 2.3. Thus, the probability for an
atom to diffuse onto the lower terrace depends on the ES barrier that can be negligible
or insurmountable. Depending on this barrier, three possible growth modes are ob-
served leading to different morphologies [34, 35]. The step-flow mode occurs when the
adatom intralayer mobility is high so that all adatoms reach the step before nucleation
sets in and the step advances. In the case where the adatom migration is shorter than
the terrace width, layer-by-layer or multilayer growth takes place depending on the
rate of the interlayer mass transport. In the extreme case where this transport is zero,
the adatom cannot escape from the top of the island and 3D growth is promoted.
Because the adatom mobility depends greatly on the growth parameters, the growth
mode can thus be altered by changing the deposition rate or / and the temperature.
Last, surfactants also affect the growth mode by modifying the surface energies, the
intralayer diffusion or / and the intralayer diffusion barriers.
2.1.2 MBE Equipment
During growth, the constituent elements to be deposited are evaporated from the aper-
ture of effusion cells containing Knudsen-type crucibles. The maximum evaporation









with Ne the number of molecules evaporating from the surface Ae, NA the Avogadro
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Figure 2.3: Schematic drawing of the potential for an atom moving toward a step edge with an ES-barrier
EES. ∆W is the binding energy to a step site and ESD the activation energy for the terrace
diffusion.
constant, T the temperature, peq the equilibrium evaporant pressure, kB the Boltzmann
constant and M the molecular weight of the evaporated material. The conventional
crucibles are of conical shape, made of pyrolytic boron nitride (PBN) and their aperture
gives rise to a cos2 intensity distribution. The stability of the deposition rate is guar-
anteed by the accurate control of the cell temperature as seen in equation 2.2, achieved
by proportional-integral-derivative (PID) controllers. This stability is indispensable for
the precise control of layer thickness and composition. In addition, mechanical shutters
in front of each cell allow the very rapid interruption of the molecular beams in order
to switch from a component to another and get abrupt heterostructure interfaces.
The growth experiments presented in this work were carried out in a V80H type MBE
system designed by VG Semicon equipped with two Ga, one Al, one In, one Si and
one Ni cells. The beam sources (except for the Ni and Si cells) were standardly kept at
temperatures higher than the melting point of the evaporant (29.8◦C for Ga, 660.4◦C for
Al, 156.6◦C for In) in order to prevent the possible cracking of the crucible during so-
lidification. A radio-frequency (RF) plasma source (EPI Unibulb or Oxford HD 25) was
mounted on a standard port for effusion cells to dissociate molecular nitrogen with pu-
rity 5N. Further information is given in reference [36]. The RF generator was operated
at the frequency of 13.56 MHz and at an output power of 580 W in order to produce neu-
tral atomic nitrogen (N). Indeed, a recent appearance mass spectrometry (AMS) study
coupled to a separate reflection high-energy electron diffraction (RHEED) one [37] clar-
ified that this nitrogen species mostly contributes to GaN growth in plasma-assisted
molecular beam epitaxy (PAMBE).
A low background pressure (1011-10−10mbar) was maintained in our MBE system by
the employment of an ion and a cryogenic pump, along with a liquid-nitrogen-filled
cryoshroud used to trap impurities and condense unused beam flux. The prepara-
tion chamber and the load lock were equipped with another ion pump and a turbo-
molecular pump, respectively.
These UHV conditions (background pressure < 10−9 Torr) are also indispensable to
guarantee films of very high quality with infinitesimal impurity level. On the one hand,
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the UHV environment preserves the beam nature of the molecules toward the substrate
by preventing the scattering of the latter with the eventual residual gas molecules. The
maximum admissible value of the residual gas pressure was estimated to be pmax =
8×10−4 mbar in order to insure a mean free path of Ga atoms large enough (approx-
imately 20 cm) to reach the substrate surface [38]. This condition is thus fulfilled in
UHV.
On the other hand, the contamination concentration of the growing surface has to re-
main as low as possible, and therefore the limitation on the maximum admissible value
of the residual gas pressure imposed by the very low growth rates is much more re-
strictive. Considering that for growing a sufficiently clean epilayer the deposition time
tv of a monolayer of the background vapor species must be at least 105 times longer
than the deposition time tb of a monolayer of the evaporant, then for a growth rate of
1 ML/s the admissible background pressure must not be higher than 10−11 mbar [38].
However, the concentration of each incorporated element depends also on its sticking
coefficient, which is relevant to consider because the typical deposition rate used dur-
ing the growth of GaN NWs is even lower than 1 ML/s (about 0.15 ML/s in this work)
and so is the growth rate of GaN NWs (0.75 ML/s for the catalyst-assisted NWs and
0.34 ML/s for the self-induced NWs). For oxygen, a sticking coefficient of 0.12 ± 0.08
at 300 K on clean GaN(0001)1×1 surfaces has been reported, and this coefficient could
be reduced a hundred times in the presence of an additional monolayer of gallium [39].
In this case, a background pressure higher than 10−11 mbar would be acceptable, even
considering the already low sticking efficiency of atomic N of 0.36 at 600◦C [37] (the
one of group III elements is assumed to be unity at moderate temperature).
Additionally, contamination might have a strong effect on the nucleation phenomena,
especially under the unusual conditions for GaN NWs growth, i.e. N-rich and at a
low growth Ga-rate. Hydrogen, for instance, is known to enhance the diffusion length
of adatoms [40, 41]. Importantly, Northrup et al. calculated that the H-terminated
GaN(000-1) surface is the most stable one under N-rich MBE growth condition (for
residual hydrogen pressure of 10−9 mbar) [42]. H-covered surfaces are expected to be
relatively inert toward N, which could account for the much reduced N sticking coeffi-
cient compared to Ga-covered surfaces. Therefore, Northrup et al. [42] suggested that
this reduced sticking coefficient on the N-face surface as compared to the Ga-face one
could lead to the generally observed lower growth rate of the GaN(000-1) surface. The
residual partial pressure measured for hydrogen in our chamber was about 2×10−10
mbar which corresponds to 2.4×1015 atoms cm−2s−1 of hydrogen impinging on the
sample surface at 1000 K. Disregarding the sticking coefficient, this is one order of mag-
nitude more than the incorporated flux of Ga atoms corresponding to about 1.8×1014
atoms cm−2s−1, so that H-adsorption may not be negligible under standard NW growth
conditions.
One more advantage that MBE offers is the in-situ control of growth, providing thus
instantaneous feedback on the influence of growth conditions on the forming structure.
Structural information is usually provided by reflection high-energy electron diffrac-
tion (RHEED), but kinetic and composition information is also gathered by
quadrupole mass spectrometry (QMS) in light-of-sight operation [36] developed pri-
9
2 Epitaxial growth of nanowires
marily in our laboratory as a novel in-situ method. These methods are briefly intro-
duced in the following section.
2.2 In-situ monitoring techniques
2.2.1 Reflection High-Energy Electron Diffraction
RHEED offers the possibility to determine in situ the evolution of the morphology and
the crystal structure of the growth front. The geometry of this technique is illustrated
in figure 2.4. In our case, an electron gun from Staib RH 20S was employed to produce
a 15 kV electron beam. This high-energy electron beam is directed in grazing incidence
(1-3◦) onto the sample surface in order to limit the penetration depth and to get a sen-
sitivity only to the few outermost atomic layers. The diffracted beams are observed at
similar angles on a phosphorous-coated screen that is mounted perpendicularly to the
sample surface. The diffraction patterns observed on the screen correspond to the inter-
section of the reciprocal lattice of the sample with the Ewald sphere of radius ki = 2π/λ
where k is the wave number and λ the wavelength.
In the case of an atomically smooth and single-crystalline sample surface, the recipro-
cal lattice corresponds to a lattice of rods perpendicular to the surface in real space.
The Ewald sphere intersection with this lattice should ideally form spots as seen in
figure 2.5(a), but due to instrumental divergence and crystal imperfections a streaky
pattern is obtained [43]. If the surface is rough, the diffraction is obtained in transmis-
sion through the asperities and the diffraction pattern is spotty [Figure 2.5(d)]. From
the RHEED pattern, it is also possible to gather information on the crystal lattice. In-
deed, the distance d between the streaks provides the lattice parameter in the surface
plane. For rough surfaces the distance between the planes perpendicular to the growth
direction can also be measured. Amorphous layers correspond to a halo without any
structure and polycrystalline layers display ring patterns [Figure 2.5(b)]. Layers with
misoriented grains as can be formed during NW growth exhibit the superposition of
the individual patterns.
In order to follow the evolution of RHEED patterns in real-time, a 10-bit digital high-
sensitivity charge-coupled device (CCD) camera and a frame grabber with full software
control from k-Space Associates Inc. were used. This way RHEED images could be
recorded on the fluorescent screen with a time resolution of up to 30 frames/sec. Such
real-time acquisition is very useful for the determination of the strain evolution and
the surface reconstructions. In addition, growth rates can be extracted during growth
by measuring the period of intensity oscillations that are observed in the layer-by-layer
mode.
For this thesis, RHEED was extensively employed to identify the modes and stages of
the NW nucleation.
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Figure 2.4: Geometry of RHEED set-up.
2.2.2 Quadrupole Mass Spectrometry
This technique was already applied at the end of the 1960’s by Arthur Jr [44] to monitor
the Ga evaporation on a clean GaAs surface in a modulated molecular beam epitaxy
system. Later in 1996, Guha et al. [45] also used it to estimate the Ga surface lifetime on
GaN in MBE. However, since 2002 Koblmüller et al. [36, 46] extended the method to the
monitoring of the precise Ga adlayer coverage as well as of GaN nucleation on GaN,
AlN, SiC, and sapphire. They definitely demonstrated the potential of this method to
understand growth and surface kinetic processes. Since then, QMS in combination with
RHEED monitoring has provided many remarkable results, for example a growth mode
diagram for GaN [47] and a precise understanding of the GaN decomposition processes
[48]. This technique is thus very promising for providing information concerning the
NW nucleation phenomena but has not been applied to this field before.
As seen in subsection 2.1.1, the amount of atoms or molecules contributing to film
growth corresponds to the net balance between impinging and desorbing flux. The line-
of-sight QMS method relies on the quantitative measurement of the desorbing species
during nucleation and growth. By a precise calibration during the full desorption of a
known incident flux of the same species on a substrate brought to high temperature,
the QMS signal of the impinging flux is obtained and converted into growth units. This
way, by evaluating the difference between the known incident flux and the desorbing
Ga flux (mass balancing), the growth rate also converted into growth unit can be deter-
mined at any stage during GaN growth as sketched in figure 2.6(a).
Figure 2.6(b) illustrates the configuration of the QMS device mounted in the line-of-
sight to the wafer. By directing the ionizer of the mass spectrometer in direct line-of-
sight to the sample and by restricting the acceptance angle by an aperture plate, local
mass spectrometry of the atomic or molecular species desorbing from the substrate can
be carried out. Under UHV conditions the mean free path of the desorbing species is
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Figure 2.5: Surface morphologies deduced from corresponding RHEED patterns.
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long enough to reach the ionizer. There, they are transformed into positive ions and
separated according to their mass to charge ratio (m/Z) in the electric field of four
electrode rods. At the exit of the quadrupole an ion detector measures either the ion
current directly (Farraday Cup) or the electron current proportional to the ion current
(Continuous Dynode Electron Multiplier, CDEM) and converts the measured current
into an equivalent partial pressure. The aperture minimizes the background signal
related to the desorption from the manipulator and the chamber walls while selecting
the desorbing species originating merely from the center area of the sample [49].
A conventional state-of-the-art quadrupole mass spectrometer (Residual Gas Analyzer
AccuQuad 300D from K. J. Lesker) was installed on a flange designed for beam sources.
This QMS allows the detection of ions in a mass range of 1 to 300 atomic mass units
(amus) with a resolution better than 0.5 amu at 10% peak height. The device was
equipped with a CDEM in order to detect partial pressures not down to 5×10−14 mbar
with a maximum time resolution of 2 sec. During the present studies, the considered
desorbing species are the isotopes 69Ga and 71Ga with occurence 60.1% and 39.9%, re-
spectively. The high nitrogen pressure required for the growth of GaN NWs lies at
the limit of the recommended pressure for the CDEM operation. As a side effect, ag-
ing of the CDEM was accelerated. Indeed, the CDEM gain changes with time and the
gain degradation is unavoidable particularly after exposure to such high quantities of
reactive gas.
To correlate the Ga partial pressure with a desorbing flux in units of Å/s, a calibration
can be done by measuring the partial pressure of Ga for a sequence of known incident
Ga fluxes impinging on the substrate at a temperature high enough (≥780◦C) to ensure
the full desorption. The measured partial pressure increases linearly as a function of the
desorbing Ga flux [36]. However, due to the aging of the CDEM with operation time,
the calibration routine has to be repeated frequently. Figure 2.7 illustrates the decrease
of the QMS signal with operation time for calibrations of the same Ga flux done after
the implementation of a new CDEM on the quadrupole.
2.2.3 Temperature calibration
Another advantage the QMS offers is the in-situ calibration of the substrate temper-
ature by evaluating the Ga desorption characteristics along the GaN growth diagram
illustrated in figure 2.8. This can be done for pulsed growth sequences during which
either the substrate temperature is decreased for known impinging Ga and N fluxes,
or the Ga flux for a given growth temperature and known N flux. In both cases, the
range of variation must be selected in order to observe the difference in the Ga desorp-
tion behavior related to the formation of Ga droplets. At the borderline for Ga droplet
formation, for a decrease of the temperature at constant Ga flux, the Ga desorption de-
creases due to the formation of Ga droplets, whereas for an increase of the Ga flux at
constant temperature the Ga desorption increases more slowly. The crossover from the
Ga-rich intermediate regime to the Ga-rich droplets regime obeys an Arrhenius depen-
dence with temperature [50]:
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Figure 2.6: (a) Sketch of the mass balancing. (b) Schematic setup of a QMS in line-of-sight operation for
monitoring the desorbing atoms [36]. An appropriate aperture plate limits the angle of accep-
tance to the size of the sample.
Figure 2.7: Calibration of the QMS signal for an impinging flux of 0.4 Å/s after various operation times.




Knowing the Ga and N fluxes at this crossover directly provides the absolute tempera-
ture of growth [36]. This method is thus particularly interesting for the determination of
the absolute growth temperature of GaN independently of the substrate material used
and the calibration of the pyrometer since it relies on the GaN growth phase diagram.
For the study of the nucleation and growth of GaN NWs on sapphire and on silicon
substrates, the control of the temperature displayed by the pyrometer calibrated by the
previous method ensured identical growth conditions of GaN with the accuracy of ±
5◦C.
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Figure 2.8: Schematic illustration of two GaN growth series along the GaN growth phase diagram for the
calibration of the substrate temperature. The first series explores the Ga desorption character-
istics for constant Tsubstrate and N-flux, but variable Ga-flux, while the second series focuses on
variable Tsubstrate, respectively. Extracted from [36]
2.3 Bottom-up approaches for NW growth
The preparation of NWs in a controllable way is a challenging task that can be achieved
using a large range of approaches and fabrication techniques [51–54]. Two general ap-
proaches referred to as "bottom-up" and "top-down" are employed. In the former one,
atoms are-self assembled to form increasing larger structures by control of the crystal-
lization. In contrast, the top-down approach relies on the etching of narrow columns
from planar structures by lithography [55].
These two approaches are combined with the conventional growth techniques. Besides
MBE, the major fabrication technique in use is chemical vapor deposition (CVD) which
is composed of several subclasses like the hydride vapor phase epitaxy (HVPE) and
metal-organic CVD (MOCVD). In this case, instead of the physical deposition of ele-
ments, chemical precursors decompose and react at the substrate surface to produce
the desired substance. The sticking coefficients are much lower than in the case of
physical deposition unless enhanced by a catalyst. Metal-organic-MBE (MOMBE) or
chemical beam epitaxy (CBE) is a hybrid technique which combines the advantages of
UHV like MBE with the versatility of MOCVD.
Although largely employed in the past, the top-down approach is less attractive as the
desired length scale of devices shrinks. The major concern stems from the limitation
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of the resolution achievable by lithographic and etching techniques. In addition, the
necessary control over the lateral facets is difficult [56, 57] and process-induced dam-
ages are unavoidable [58, 59]. Last, this technique requires that the starting material
is already of satisfactory quality in order to yield NWs of at least equivalent quality.
For III-N material this is already particularly difficult since basically no lattice-matched
substrate is available.
Therefore the bottom-up approach is advantageous to bypass those barriers. Many
subtypes have been developed: the catalyst-assisted growth [60–62], the catalyst-free
growth [17, 63–66], the self-catalysed growth [67], the oxide-assisted growth [68], the
template-assisted growth [69, 70], and the selected area growth (SAG) [71, 72]. Next we
will focus on two of these approaches: the catalyst-assisted and the catalyst-free ones.
2.3.1 Catalyst-assisted approach
The most common bottom-up method in the framework of the catalyst-assisted ap-
proach is the vapor-liquid-solid (VLS) technique whose model was proposed by Wag-
ner and Ellis in 1964 [60]. In this technique nanometer-sized metallic particles form a
low-temperature eutectic alloy with the NW material and act as a preferential sink for
arriving atoms (physical catalyst) or in the case of precursor molecules as a catalyst for
the necessary chemical process leading to the reactant incorporation [Figure 2.9(a)]. In
any case these particles act as a collector for the deposited material [73] once the chem-
ical potential of the surrounding vapor is higher than the one of the particle [74]. By
further atom incorporation, the chemical potential of the particle increases until super-
saturation is reached. At this point, the NW material precipitates under the particle
at the liquid-solid interface. Crystal growth proceeds thus unidirectionally by lifting
of the particle. More recently it was evidenced that these particles could also be solid
[75–77], growth occurring then through the vapor-solid-solid (VSS) mechanism.
Several models were developed to account for the NW morphology in dependence on
the different experimental growth parameters. Givargizov studied the growth rate of
Si whiskers grown by CVD using Au as a catalyst in dependence of their diameters
and showed that the growth was strongly affected by the Gibbs-Thomson effect caus-
ing faster growth of the wider whiskers and the cessation of growth for whiskers of
diameter smaller than a critical value [78]. However, for growth by MBE, the opposite
trend was ascertained by Schubert et al. [79], while Kodambaka et al. [80] observed no
dependence. The apparent contradiction can be attributed to the very different growth
conditions. As we will see next, the generally accepted growth mechanism implies the
incorporation of atoms not only by direct impingement onto the NW tip but also by
diffusion on the substrate and along the side-facets of the NW. In consequence, it is
to expect that for growth techniques inducing different surface reaction and diffusivity,
different dependences are obtained. From the observation of longer tilted thin whiskers
nucleated at substrate steps, Givargizov concluded that the rate-limitation of whisker
growth was the incorporation of the whisker material into the crystal lattice under the
seed. Indeed, the nucleation barrier was expected to be strongly reduced at the step
interface with the seed. In contrast, Bootsma and Gassen [62] earlier reported that the
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Figure 2.9: Schematic of the processes involved (a) in the catalyst-assisted and (b) in the catalyst-free
growth. (1) Adsorption on the NW tip. (2) Incorporation. (3) Diffusion through the parti-
cle. (4) Precipitation. (5) Adsorption on the substrate. (6) Film growth. (7) Surface diffusion.
(8) Adsorption on the NW side facets. (9) Desorption from the different surfaces.
chemical decomposition at the liquid-solid interface should be the rate-controlling pro-
cess [Figure 2.9(a)]. The nature of this limiting step has been investigated not only for
theoretical but also for economical interest and it is obviously dependent on the NW
synthesis technique since different physical/chemical surface reactions occur.
The catalyst-assisted approach offers the immediate advantage that the NW location
and size are defined by the particle ones. Thus, by combination with lithography, it
is possible to precisely position NWs of desired dimension as long as tapering effects
do not modify their shape [81–83]. However, in counterpart, it has been reported that
the catalyst may also incorporate into the NW material, thus degrading its physical
properties [84–87]. Hence there are constant efforts to develop other approaches not
relying on any external catalyst.
2.3.2 Catalyst-free approach
This technique is usually preferred in order to grow NWs of high material purity, since
no foreign catalyst material is required. However, it raises the question why matter
prefers to grow unidirectionally. Already in 1921, Volmer and Estermann tried to ex-
plain the different growth rates on different crystal facets observed for the growth of Hg
[88] and concluded that another mechanism than the simplest reflection or condensa-
tion must occur, suggesting that the molecules diffuse on the surface of adsorption. In
the early 1950s Sears proposed a growth mechanism based on the presence of a built-in
screw dislocation to account for the growth of Hg whiskers [89]. The screw dislocation
introduces a regenerative step that would catalyse the formation of a new monolayer
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in agreement with the Frank model, by the incorporation of atoms impinging at the
whisker tip and diffusing along the sidewall toward an active sink, as sketched in figure
2.9(b). More generally, Sears noted that uniform surface nucleation plays no role in the
growth of whiskers and that the supersaturation required for whisker growth is much
lower than the one to nucleate an atomic layer. Therefore, since this supersaturation
is below the critical value for two dimensional nucleation, radial growth is hindered
[90]. However, this diffusion-dislocation model has been contested by adepts of the
catalyst-assisted approach [62, 78] first on the basis that only a few whiskers embody
dislocations, and second because stepped whisker side facets still grow slower than the
flat top one. The debate is still open after the recent observation of screw dislocations
in PbS NWs [91] and in GaN NWs [92, 93].
The diffusion model postulated by Sears is very important for NW growth in general.
It was further developed [94, 95] and also extended to the catalyst-assisted growth by
Givargizov [78] who postulated that the active sink could also be a catalyst particle












with l the whisker length, d the whisker diameter, t the time, I the impingement cur-
rent at the whisker tip and λs the root mean square diffusion distance on the whisker
surface.
The first term accounts for the growth by direct impingement of atoms at the tip while
the second one is related to the surface diffusion on the surface of the substrate and
on the side-facets of the NW. This model was experimentally verified for catalyst-free
NW growth [25] as well as for the catalyst-assisted one [79, 96, 97] for different mate-
rial systems and different growth techniques. Its sophistications take into account the
adsorption - desorption processes on the NW tip surface, the effects of growth on the
substrate surface and the growth parameters (supersaturation, temperature) [98] and
explain the divergence observed for the NW length-diameter dependence [73, 78–80].
Last, an interesting simple model proposed in 1967 by Schwoebel [99] attracted much
less attention although it is complementary. Starting from a surface covered by cir-
cular concentrary steps, this model assumes different adatom mobilities on top and
side-facets and different capture rates at steps for atoms approaching either from the
upper or the lower terrace of the step as a consequence of the ES barrier. This analy-
sis predicted that for certain capture ratios a "filamentary crystal" with atomically flat
sidewalls could be formed.
Importantly, all these models always consider the diffusion and impingement of only
a single species, even in the case of compound materials. In particular, for the III-
V semiconductors the group III atoms are considered as the surface-diffusing, rate-
limiting species assuming that the group V atoms are always in excess [96]. But as
reported by several experimental results on NW growth by MBE [19, 23, 100] and as
we will see in chapter 4, the axial growth rate of the NWs was evidenced to be group
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V limited. Also, it is clear that these different species exhibit different adsorption /
desorption / diffusion behaviors that are dependent on their ratio [22, 45, 48, 101–103]
(different sticking coefficient, different diffusion length, different residence time), so
that the implementation of this consideration is still lacking in the present models.
2.4 Experimental procedures
All the samples used in this thesis are listed in Table 1 in appendix 5.2. These samples
are labeled as follows: the substrate material is indicated by the first two characters A0
for C-plane sapphire, S0 for Si(001) and S1 for Si(111), while the last characters indicate
the growth conditions.
2.4.1 Surface preparation
Catalyst-assisted GaN NWs on C-plane sapphire substrates: Catalyst Deposition
The catalyst-assisted method was employed for the growth of the GaN NWs on sap-
phire substrates <0001> oriented. In this case nickel (Ni) was chosen among other
metals because it provided the most regular NW morphology, according to prelimi-
nary tests carried out in our research department. In order to form the Ni islands used
as catalysts, a layer of Ni, typically 3-4 Å thin, was deposited on the sapphire surface
ex-situ at room temperature in the chamber of an ion beam coater (Gatan 682 PECS,
Ni purity 99.95% at.). These substrates were then transfered through air to the UHV
environment of the MBE system where they were annealed in the MBE growth cham-
ber for 15 min at a temperature in the range of 750◦C to 780◦C. The thickness of the Ni
layer was controlled by a quartz microbalance calibrated by an alpha stepper. To ob-
tain a higher precision, reference layers where measured by RBS, and the uncertainty
of the Ni thickness was found to be ±1Å . Upon annealing a large amount of Ni is-
lands formed as illustrated in figure 2.10. Their average diameter is 15 ± 8 nm and
their height is about 5 nm. However, the Ni island shapes are not well defined as if
the area surrounding the Ni islands were not fully depleted of Ni. The area covered by
the islands averaged over several AFM images was estimated by the image processing
and analysis software ImageJ [104] to be 30 % ± 10%, corresponding to 70 % ± 10% of
sapphire surface potentially still free of Ni.
The annealing temperature of Ni was significantly lower than the melting temperature
of bulk Ni (1453◦C). However, a decrease in the melting temperature of nanometric-
sized particles has been experimentally evidenced [105, 106] and extensively studied
theoretically for Ni clusters [107, 108]. According to the results of Qi et al. [107], it is to
expect that for a Ni cluster size N of 750 to 8007 atoms corresponding to the respective
diameters of 2.7 to 5.7 nm, the melting temperature scales inversely with N1/3. This
yields a melting temperature as low as about 700◦C for the smallest particles.
Another aspect to consider is the reaction of Ni with the sapphire substrate. Indeed,
sapphire should be inert for the considered deposition temperature. However, during
wetting experiments of Ni on sapphire at 1500◦C [109] the segregation of oxygen and
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Figure 2.10: Ni islands formed from a 4 Å thin layer deposited ex situ on sapphire and annealed in UHV
for 15 min at 780◦C
aluminum resulting from the dissolution of sapphire into Ni was observed at the triple
junction line between sapphire-liquid nickel-atmosphere. Additionally, depending on
the quality of the Ni and the oxygen dissolved in it, the formation of NiAl2O4 spinel
can occur at the interface sapphire-Ni [110]. According to thermodynamic calculations
[110] at a temperature as low as 1000◦C the threshold oxygen level necessary to sta-
bilize the spinel is 0.006% or a minimum oxygen partial pressure of 8.5×10−10 mbar.
The maximum thickness of the spinel layer was estimated from the solubility limit of
oxygen into Ni to be 0.005 times the thickness of the Ni which would correspond to
less than 0.02 Å of NiAl2O4 for the Ni thickness of 4 Å. Considering the poor purity
of the Ni employed, which was exposed to the air before being loaded in UHV, it is
possible that it contained enough oxygen to form an interfacial spinel layer. However
it thickness would be so small that it would be undetectable. In agreement, the electron
diffraction analysis presented in chapter 3 does not reveal the formation of the NiAl2O4
spinel.
Catalyst-free growth on Si(111) and Si(001) substrates: Cleaning procedure
For the catalyst-free pathway, samples were grown on silicon substrates <111> and
<001> oriented that were cleaned by a two step wet chemical cleaning process: the
standard RCA procedure [111]. Basically, it involves different cleaning steps, contain-
ing hydrogen peroxide as oxidizing agent and other chemicals to eliminate a selected
contaminant. Details of the procedure are given in appendix 5.2. Immediately after
the RCA etch leaving a thin native oxide layer, the wafers were transfered to the MBE
chamber system and before growth oxide desorption was carried out for 15 min at a
temperature of 950◦C. The temperature was then lowered to the growth temperature.
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Figure 2.11: Si(001) surface cleaned by the RCA procedure.
Figure 2.11 illustrates the morphology of the Si(001) substrate obtained following this
cleaning method. 80 nm wide terraces are obtained but residual particles are also ob-
served. For this substrate the rms roughness measured from 1×1 µm2 area amounts to
1.4 Å.
2.4.2 GaN growth
Following the preparation of the different substrates, NW samples were grown using
two approaches: on the one hand in the catalyst-assisted framework on sapphire sub-
strates covered by Ni particles, on the other hand in the catalyst-free framework on the
cleaned surface of Si(111) and Si(001) substrates. In the latter case, particular care was
taken in order to minimize the exposure of the Si substrate to nitrogen, and therefore
the plasma cell was ignited only immediately before the subsequent growth of GaN.
Fluxes were calibrated by scanning electron microscopy (SEM) of the cross-sections of
thick films grown at 700◦C in both the N- and Ga- limited regimes and converted into
effective growth rates. Indeed, GaN can be grown both under N-rich and Ga-rich con-
ditions, and the growth rate is limited by the flux of the species in minority [112]. The
quadrupole mass spectrometer signal was calibrated on a separate sapphire substrate
at high temperature (780◦C–800◦C). This calibration consists in fully desorbing the im-
pinging Ga atoms for previously evaluated effective Ga-rates used during the NW ex-
periments as described in reference [47]. The separate calibration aimed to avoid any
potential pre-incorporation of Ga during annealing in Ga atmosphere on surfaces dif-
ferent than bare sapphire. In addition, the transient in the Ga flux occurring during the
first 10 minutes after opening of the cell shutter has also to be considered and its contri-
bution in the amount of Ga desorption introduces an offset of at most 15% as estimated
from the calibration profiles. Moreover, since the chamber pressure (2×10−5mbar) im-
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posed by the N-rich conditions necessary to grow the NWs (cf. chapter 4) was higher
than the range for which the quadrupole mass spectrometer response is linear, this cal-
ibration has been done for several chamber pressures corresponding to the different
N-rates investigated and updated along the experiments to adjust for the aging of the
electron multiplier.
2.4.3 NW characterization methods
The morphology of the NWs has been at first investigated by SEM. The NW lengths
were extracted from cross-sectional SEM images and converted into growth rates sim-
ply by division through the growth time. No systematic statistics has been carried out
to account for the large variation in length. Instead an "averaged" growth rate was de-
duced from the NW lengths that were the most frequently observed, whereas error bars
were provided by the NW length extrema. However, these extrema are not exception
and were chosen in order to correspond to several NWs.
In order to assess the NW crystal structure, specimens were prepared either by NW
harvesting from the substrate or by the standard mechanical thinning and ion milling
processes for cross-sectional transmission electron microscopy (XTEM). Harvesting is
easily carried out by sonication of a sample piece in isopropanol. In this case, evapora-
tion of a droplet of the obtained solution dropped onto a TEM grid insures the transfer
of many NWs.
Last, the optical properties of the as-grown NW samples were investigated with a pho-
toluminescence (PL) set-up equipped with a Cryovac microscope cryostat. For excita-
tion, the 325 nm line of a Kimmon He-Cd laser focused to a micrometer-sized spot by
a 15× microscope objective has been used. The PL signal was collected by the same
objective, and analyzed by a 0.8 m Jobin-Yvon monochromator equipped with a cooled
Si charge-coupled-device (CCD) detector.
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In order to synthesize NWs of arbitrary shape, position, and composition, a detailed
understanding of the fundamental nucleation phenomena at the atomic scale is neces-
sary. The cooling procedure following growth and the exposure to ambient atmosphere
is known to alter the grown structures [113]. Thus, direct information about the exact
processes governing NW nucleation can only be acquired by in-situ studies.
In this chapter, the nucleation of GaN NW ensembles grown by both the catalyst-
assisted and the self-induced approach is investigated in real-time by two different
techniques used in parallel to get complementary information. First, QMS monitored
in situ the amount of Ga desorbing during NW nucleation and growth, yielding a
time profile for the actual growth rate. Second, RHEED probed the crystal structure
of the forming NWs during the very first steps of growth. This way, different nucle-
ation stages could be identified and followed. The chapter is organized as follows.
An overview of studies on NW nucleation is presented with an emphasis on results
concerning the nucleation of GaN NWs. Then, for both the catalyst-assisted and the
catalyst-free approach, the desorption of Ga atoms monitored by QMS is compared to
the time evolution of the RHEED pattern. The different nucleation stages identified
in this way are further studied by post-growth AFM and TEM characterizations car-
ried out on additional samples for which growth was stopped accordingly. Last, the
evolution of these stages in dependence of the growth temperature and the V/III ra-
tio is further investigated by QMS. Finally, a comparison of the nucleation phenomena
during both approaches is drawn.
3.1 NW nucleation studies
Several studies have been devoted to the nucleation of both catalyst-assisted and
catalyst-free grown NWs. For the catalyst-assisted approach, principally three differ-
ent nucleation stages have been identified: metal alloying, crystal nucleation and axial
growth [60, 114–117]. The validity of this model has been demonstrated by in-situ TEM
carried out during Ge NW nucleation from Au and Ge particles deposited on TEM
grids [114]. In addition, by analysis of the catalyst volume change, the nucleation has
been shown to occur from the supersaturated alloy. The VLS mechanism of Si NWs
from Au seeds in CVD has been one of the most studied system: it has been modeled
[115, 118] and investigated in-situ by TEM [80, 84, 117, 119] and optical reflectometry
[116] as well as ex-situ by AFM, TEM, and SEM [115, 120]. For this material system,
similar conclusion concerning the nucleation has been drawn. In agreement with the
above-mentioned model, it was observed that the incubation time ti for the onset of
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nanowire growth is the sum of two components. The first component corresponds to
the eutectic time te for the solid Au to be converted into AuSi eutectic by propagation
of AuSi through the Au seed. The second component tn corresponds to the nucleation
time during which sufficient supersaturation of Si in the eutectic must occur to initiate
NW growth. te was observed to decrease when the precursor pressure was raised. In
particular, tn was found to vary inversely with the precursor pressure supporting the
existence of a nucleation barrier [116]. In addition, the diffusion of the liquid AuSi front
in solid Au has been modeled by applying the diffusion equation to a moving bound-
ary corresponding to the liquid-solid interface through the catalyst [115]. A mathe-
matic expression of the "incubation" time was derived from this model predicting a
faster nucleation for higher growth temperatures. This result was also confirmed ex-
perimentally by SEM observation on samples grown for intermediate duration during
the nucleation. Note however that the expression of the "incubation time" found in this
reference corresponds more exactly to the above-defined eutectic time.
The limiting step in the growth processes has also been investigated by in-situ TEM on
Si NWs grown from Au seeds [80]. In this particular system it was concluded that the
adsorption of the Si-precursor is the rate-controlling step. In turn, this explained the
growth rate dependence on the precursor pressure and the NW growth rate indepen-
dence on the NW diameter.
Furthermore, the liquid or solid state of the catalyst during nucleation and growth has
been the subject of intense debate. Importantly, for the Au-Ge system it was demonstra-
ted that it strongly depends on the temperature history during the growth procedure
[77]. A large undercooling relative to the bulk eutectic was evidenced and attributed to
Ge supersaturation.
The composition of the catalyst has also been further investigated in order to collect
more information on the catalyst state and the nucleation process. Results concern-
ing the composition change at the solid-liquid interface during nucleation of Al-rich
solid from Al-Si-Cu-Mg alloy have been obtained by in-situ TEM in combination with
in-situ x-ray energy dispersive spectrometry (XEDS) [121]. This study also evidenced
the presence of an undercooled metastable liquid phase preceding the nucleation of Al
solid phase when the temperature was lowered during nucleation. In addition, the Si
concentration in liquid Al was found to increase with temperature.
More specifically, the nucleation process and growth kinetics of solid Si from liquid
AuSi catalyst particles has been studied in dependence of the Si supersaturation [117].
In this study, the increase of nuclei radius versus nucleation time could be fit by a simple
kinetic model which allowed to deduce the supersaturation needed for nucleation. This
model accounts for the rapid increase of the liquid supersaturation before nucleation,
the capture of the excess Si in the liquid catalyst upon solid Si nucleation and the more
slowly and linear growth continuation. The supersaturation was found independent of
the droplet radius and the supplied disilane pressure but increases with temperature
consistent with an Arrhenius behavior. The nucleation was observed to occur at the
edge of the droplet. This location was suggested to be energetically more favorable to
minimize the barrier present in heteroepitaxial nucleation and involves an important
role of surface and interface in the nucleation.
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Furthermore, the comparison of the VLS mechanism of Au-Si NWs with the VSS -
growth of Si NWs assisted by Pd2Si catalyst crystals has been drawn [122]. Particularly
for the Pd-Si system, the interface catalyst/NW was observed to advance via a ledge
flow propagating laterally, starting at the edge of the NWs. Apart from the above-
mentioned precursor decomposition, a nucleation limited regime was concluded from
the intermittent start of new steps and by the comparison of the Pd2Si-mediated Si film
crystallization rate with the Si NW growth rate that is ten times slower. Moreover, a
mass transport model was proposed. According to this model, the catalyst material
Pd was continuously expelled from the growing Si NWs by diffusion away from the
Si NW-catalyst interface to the top surface of the catalyst, coupled to a flux of Si in the
opposite direction to prevent the stress build-up at the interface.
For III-V material systems several studies point out the key influence of the inter-
facial energy minimization processes on the NW physical and crystalline properties
[123, 124]. For InAs NWs grown on GaAs by MOCVD, the difference in interfacial en-
ergy between the catalyst and the substrate has been observed to lead to the formation
of horizontal traces and moving catalyst before NWs start to nucleate [124].
Additionally, the state of the particle during nucleation and growth has also been in-
vestigated for the Au-GaAs system in MBE and CBE [75, 125]. Opposite conclusions
were drawn for NW growth at comparable temperatures. However these results could
be explained by different growth conditions (procedures and vapour/precursor pres-
sures) employed in these two deposition techniques. To study this aspect, the catalyst
composition was carefully investigated. For the growth of GaAs NWs by CBE, ex-
situ selected-area electron diffraction (SAED) and energy dispersive x-ray spectroscopy
(EDXS) after different growth termination and in-situ heating in TEM revealed a con-
centration in the Au-Ga seed particle that never reaches the level required for a eutectic
melt. Thus, it was concluded that these NWs grew by a VSS mechanism. However, a
similar analysis carried on GaAs NWs grown by MBE evidenced a higher Ga concentra-
tion of the Au-Ga catalyst particles pointing out the VLS mechanism [113]. Depending
on the different growth terminations, different phases could be remarkably identified
to well defined solid compounds of the Au-Ga phase diagram. This result suggested
that the final composition of the metallic particle at room temperature depends on the
growth history of the wire and may strongly deviate from the composition just after
growth.
To further elucidate this question, in-situ RHEED monitoring of Au catalyst particles
deposited by MBE on the GaAs substrate has been carried out upon temperature cy-
cling before growth. This investigation revealed the appearance and disappearance of
additional spots in the diffraction pattern of GaAs at different temperatures [125]. Im-
portantly, these spots were generated by the solidification of the catalyst particles and
the difference in temperature for their solidification and melting was attributed to the
change in the composition of the particles that easily alloy with Ga coming from the
GaAs surface. Also the liquid state of the particles during the growth was ascertained
by the comparison of the particle solidification temperature prior to growth with the
lowest temperature of the NW growth window.
Thus few studies on the VLS mechanism in the framework of the catalyst-assisted NW
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nucleation have already been carried out but they mainly concern the Si-material sys-
tem. Even fewer studies were devoted to III-V semiconductors and they are not as
detailed.
For the catalyst-free approach several studies were also carried out and many of them
concern the III-V system but the elaboration of the growth mechanisms has been more
challenging than for the catalyst-assisted growth. Park et al. [126] have studied the
formation of InAs NWs on SiOx in a quartz tube. They concluded that at high temper-
ature the decomposition of SiOx yield reactive nanometer-sized Si clusters that could
enhance the In attachment rate (Si-assisted growth model). This group also compared
the nucleation of catalyst-free Ge and InAs NWs and In nanoparticle-catalysed InAs
NWs on porous Si [127]. They suggested that the NW growth starts from solid nuclei.
They observed a correlation between the degree of porosity and the InAs NW forma-
tion, suggesting that the pits could act as energetically favorable nucleation sites.
More specifically concerning the III-nitride system and growth by MBE, nucleation
studies have been intensively carried out but the proposed models did not get a gen-
eral consensus. At first, the model based on the formation of GaN islands formed upon
nitridation of Ga droplets ("Ga balling") on patterned Si/SiO2 substrates has been pro-
posed by Guha et al. [128] to explain the selective growth of GaN NWs by MOMBE.
Similarly, Calleja et al. [129] proposed that a self-catalytic growth mechanism could
originate the GaN NW formation on unpatterned Si substrates by solid-source RFMBE.
In this model liquid Ga clusters formed by the restriction of the Ga surface mobility
imposed by N-excess could act as a catalyst. In addition, a similar self-catalytic VLS
process from Ga droplets was suggested for the nucleation of GaN NWs on top of a
low temperature GaN buffer grown on Si(111) under N-excess [130, 131]. In this case
NWs formed inside V-shaped craters connected to trenches which extended to the Si
substrate. Therefore it was proposed that the concave geometry of the openings in the
broken GaN buffer favors Ga nanocapillary condensation. In turn, NW crystal seeds
would grow inside these openings. Upon variation of the V/III ratio, control on the
NW density and diameter could be obtained. More specifically, Ga droplets formed
from the thermal decomposition of HVPE GaN films heated in situ in TEM at 1050◦C
were observed to promote the growth of GaN NWs [132]. In this way, the VLS growth
of GaN NWs was evidenced to occur by the redissolution of the decomposition prod-
ucts into the Ga droplets. Interestingly, ex-situ TEM investigation revealed that GaN
NWs grown from a similar separate experiment grew along the [0001]GaN directly from
GaN pellets and presented a smooth tip free of any Ga droplet [132]. Thus the absence
of metal droplets at the tip of the NWs is not a sufficient argument to invalidate the Ga
self-catalytic VLS model.
However, this model has been later largely refuted for RFMBE growth [22, 27, 133,
134]. To this aim, Calleja et al [134] investigated in detail the effect of Ga droplets pre-
deposited on Si(111) substrates on the nucleation of GaN NWs. They observed that the
NW size and density was independent of the Ga droplets’ ones, and that large droplets
even hinder NW growth. Instead of the Ga self-catalytic VLS mechanism, a model
based on the formation of 3D islands acting as a seed for subsequent NW growth is
now generally accepted [22, 23, 26], even though many aspects concerning the mode of
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formation of these islands are not elucidated.
Generally, NWs forms under N-excess and their density and size can be tuned by
changing the V/III ratio and temperature [23, 134–137]. However, it has been observed
in a few cases that Ga-excess could also lead to NW growth if the growth temperature
is high enough to desorb the excess Ga atoms [66, 138].
For GaN NW growth on Si, Ristić et al. proposed that critical nuclei are formed by a VW
mode driven by the important lattice mismatch with the substrate. They suggested that
for further nucleation, island coalescence is blocked by the preferential incorporation
of Ga on the island top side [22]. This idea was based on the experimental result that a
wetting layer was not observed by HRTEM [22, 137]. However, the group of Calarco et
al. reported the presence of a thin and rough wetting layer connecting GaN NWs and
small GaN clusters. In this case, the critical diameter for nucleation was deduced from
the smallest of those clusters and amounts to 7 nm. On Si(111), this GaN wetting layer
forms on top of an interfacial silicon nitride one that is partly amorphous [26].
In contrast to the GaN wetting layer, the silicon nitride one has been invariably ob-
served during GaN NW growth on Si [22, 23, 26, 134, 137]. It was suggested to form
prior to GaN growth due to the strong affinity of N to bound to Si atoms [26, 134]. Its 2–
3 nm thickness is usually not uniform. Therefore, locally tilted surface appears at SixNy
irregularity or at step bunches on the Si surface inducing in turn the tilting of the NWs
[26, 134, 139]. However, almost epitaxial contact with the substrate could still remain
for the NWs formed at the very early stage of the deposition [26]. Note that nitridation
at 790◦C of Si(111) substrates prior to GaN NW growth results in the attainment of a
more homogeneous Si3N4 layer and in turn reduces the NW tilting angles. In this case,
EELS measurement at the Si/GaN interface revealed that Si outdiffuses from the sub-
strate within the NWs whereas no Ga was found within the intentionally formed SiN
interfacial layer. Thus it was also concluded that the local accumulation of strain result-
ing from N penetration into Si or the local enrichment of Si could induce the nucleation
of GaN NWs [137]. In any case, it is commonly observed that for thick SixNy layer the
NWs are growing with random orientation but along the C-direction [23, 26, 134, 137].
From post-growth SEM measurements of the NW density before and after the nucle-
ation completion, Calarco et al. [24] evaluated the nucleation duration of GaN NWs
grown directly on Si(111). The nucleation was observed to be completed when coales-
cence of the NWs started. Surprisingly the nucleation duration was very long (60 min
at 785◦C). No new NW nucleation was reported following the coalescence and the NW
density decreased after a sudden increase at the early stage of the nucleation [24, 137].
A linear dependence of the mean values of the NW length and the NW diameter on
time was found implying the lateral growth of the NWs [24, 137].
For GaN NW growth on AlN buffer, a SK or even a FM growth mode of the GaN islands
was suggested to be promoted by the lattice mismatch reduction [22, 23]. It has been
shown that the presence of this AlN buffer on top of Si(111) drastically improves the
NW orientation in comparison to nucleation directly on top of the Si substrate [23, 134].
In addition, the thickness of such buffer has a strong influence on the NW diameter
and density [15, 135, 140]. For AlN buffer layers thinner than 10 nm, this result was
attributed to the growth of NWs at the edge of AlN grains [15]. In addition, by a post-
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growth SEM investigation similar to the one carried out by Calarco et al. [24], two
nucleation regimes could be identified [23]. In the first one, the lateral and vertical
growth rate of the islands, which are initially similar, rapidly drops and increases, re-
spectively. This is accompanied by a rapid increase of the island density. In the second
regime, the NW density and growth rates become constant. However, for AlN buffer
thicker than 30 nm, a mixture of a faceted matrix and NWs is obtained due to the more
favorable island coalescence [22]. In this case, it was observed that NWs nucleate in the
center of hexagonal pits with (1̄102) facets and that atomic N has a stronger influence
on the nucleation density than Ga [141]. Finally, it was concluded that NW nucleation
and growth originate from the formation of specific planes that have different sticking
coefficients for Ga, the one of the C-plane being the highest [141].
Lastly, the nucleation of InN NWs grown by RFMBE on MOVPE-GaN templates has
been investigated by in-situ spectroscopic ellipsometry and RHEED [142] showing that
the SK growth mode occurs after one ML deposition, yielding the formation of InN
quantum dots. Another RHEED investigation on InN NWs grown on nitrided C-plane
sapphire substrate [143] revealed the necessity of In droplet pre-deposition and nitri-
dation to form InN NWs. Moreover the In droplet deposition was preceded by the
sapphire nitridation in order to guarantee well oriented and thinner NWs. During nu-
cleation a sudden coalescence of the NWs was observed to reduce the NW density. This
coalescence was followed by the nucleation of new NWs while the first nucleated ones
maintained their lateral dimension but grow vertically.
To conclude, only few studies have been devoted so far to the NW nucleation. The
reason for this is the need for in-situ monitoring techniques in order to get informa-
tion on the actual situation during nucleation and growth, and not after alteration by
the cooling procedure. For the catalyst-assisted nucleation of NWs, these studies con-
cern mostly the Si-related material system while for the III-V-related one no real-time
information is available. For the catalyst-free NW nucleation, no in-situ investigation
has been carried out so far and no detailed nucleation study is found either. Therefore,
the investigation in real-time of the nucleation of GaN NW ensembles grown by both
approaches by two different in-situ monitoring techniques presented in this chapter is
particularly pioneering.
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Figure 3.1: (a) Calibrated QMS profile of Ga desorption during nucleation on sapphire substrate covered
by Ni islands (sample A0a). (b) Calibrated QMS profiles of Ga desorption during nucleation
on bare sapphire substrate and on sapphire substrate covered by Ni islands (samples A0I and
A0a, respectively). Note the different scale.
3.2 Catalyst-assisted GaN NWs on C-plane sapphire substrates
3.2.1 In-situ Quadrupole Mass Spectrometry Monitoring
Figure 3.1(a) presents the calibrated QMS profile of Ga desorption monitored during
the nucleation of GaN on sapphire substrate covered by Ni particles (sample A0a) at a
temperature of 730◦C and for Ga- and N-rates of 0.4 Å/s and 2.0 Å/s, respectively. The
growth of GaN is initiated by the opening of both Ga and N shutters simultaneously
at t=0. Remarkably, the desorption signal increases only gradually from a value close
to zero up to a maximum reached after about 30 s of nucleation. This indicates an
initially negligible rate of desorbing Ga atoms, implying that at first almost all of the Ga
arriving at the sample surface is incorporated. To assert if this effect could be related to
the sapphire surface still exposed between the Ni islands, nucleation on bare sapphire
under the same temperature and V/III ratio conditions has been investigated. Figure
3.1(b) compares the Ga desorption during nucleation on bare sapphire (sample A0I) and
on sapphire covered by Ni particles (sample A0a). Clearly, in the case of nucleation on
bare sapphire, the Ga desorption rate instantly increases to a value close to the supplied
Ga-rate. Hence initially almost no Ga is incorporated, i.e. the nucleation is inhibited.
Thus, in the case of nucleation on sapphire covered by Ni particles, the Ga incorporation
observed during the first 30 s is directly related to the presence of the Ni particles.
After this initial stage, the Ga desorption signal reaches a maximum, and after about
35 s the decrease in the Ga desorption sets in. For nucleation time longer than 380 s,
steady state conditions are reached where again the full Ga flux from the effusion cell
is incorporated.
Figure 3.2 presents the Ga desorption for similar experiments however with a lower
N rate (N-rate = 1.1 Å/s). For those experiments, the Ga shutter was first opened
while the N-shutter remained close before initiation of growth. At the opening of the
Ga shutter, basically all the Ga desorbs from the surface of the bare sapphire substrate
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Figure 3.2: Calibrated QMS profile of Ga desorption during Ga exposure of a bare sapphire substrate and
of a sapphire substrate covered by Ni islands (samples A0III and A0IV, respectively).
(sample A0III) while the Ga desorption is strongly delayed for the sapphire substrate
covered by the Ni islands (sample A0IV), meaning that much more Ga is incorporated.
Thus these experiments also ascertain the Ga incorporation into the Ni islands.
This initial incorporation of Ga into Ni is consistent with the model we proposed for
the growth of these GaN NWs [19] (see chapter 4) and with the presence of Ga detected
inside the Ni particles by post-growth electron energy-loss spectrometry [144]. These
results for a similar NW sample are shown in Figure 3.3. In this study, it was found
that the measured concentration of Ga within the Ni-seed is relatively uniform and
amounts to 22 ± 3 at% in average while the concentration of N gets negligible about
2 nm from the seed-NW interface. The Ga to Ni concentration ratio found in this study
agrees with the equilibrium phase Ni3Ga or a Ni-Ga solid solution that is stable up
to 1200◦C at atmospheric pressure as indicated by the right-hand side shaded box in
Figure 3.4 that presents the Ni-Ga binary phase diagram [145–147]. More recently the
composition of Ni particles used to promote the growth of GaN NWs by MOCVD [148]
was investigated by XEDS. Like in ref. [144], the Ni3Ga phase was identified with a
somewhat higher Ga percentage which ranged from 24.4 ± 3 at% to 26.8 ± 3 at%.
These results are also in agreement with previous studies on the reaction of GaN with
Ni which is often used for device contacting. Ni indeed shows a high Ga solubility
already at 600◦C [149, 150] and annealing above 600◦C of Ni deposited on top of GaN
leads to the desorption of N and to the intermixing of Ni and Ga scaling with the an-
nealing temperature [151]. Furthermore, as determined by thermodynamic modeling
[149, 152, 153], no Ni-Ga-N ternary compounds are expected to form at temperatures
higher than 500◦C. Of course, those results correspond to equilibrium under much
higher pressures. However, the poor solubility of N into Ni has been reported and the
nickel nitrides Ni4N and Ni3N decompose at temperatures above 250◦C and 600◦C, re-
spectively, unless the N2 pressure is very high [154]. According to Gröebner et al, Ni3N
should start to form from the reaction Ni + GaN only at N2 pressure as high as 104 bar
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Figure 3.3: Left: High resolution XTEM (HRTEM) of the tip-end of a GaN NW. The dotted box shows the
area of EELS mapping used in the middle figure. The arrow indicates the scan direction in the
right figure. The interface between the GaN NW and the Ni-based seed is indicated by the
white dashed line. Center: digital micrograph spectrum image with the intensity of each pixel
corresponding to the maximum number of counts of the corresponding EELS spectrum. The
boxes represent the first and the last summed areas used to provide the quantified composition
line scans perpendicular to the NW-seed interface shown on the right hand side. The NW-
seed interface is indicated by the white dashed line and the arrow indicates the scan direction.
Right: Quantified compositional-EELS line scan across the Ni-based seed perpendicular to the
NW-seed interface. Extracted from ref. [144].
at 500◦C [149] and was not observed at experimental pressures of 100 bar, which is far
from our experimental conditions. Thus, in the following only the chemical reaction of
Ni with Ga will be considered.
The calibrated QMS profiles also provide information on the incorporated amount of
Ga. In Figure 3.1(b), during the initial stage, the amount of Ga not incorporated can be
estimated by integrating the area below the increasing curve (hatched areas). It corre-
sponds to a planar layer of GaN with a thickness of 1 Å for sample A0a while it amounts
to 5 Å for sample A0I. The supplied amount of Ga corresponds to an equivalent GaN
thickness of RGa× t, where RGa is the Ga-rate and t the elapsed time. This is 0.4 Å/s
× 30 s = 12 Å of supplied Ga in GaN equivalent thickness. Thus, the incorporated
amount of Ga is GaA0a = 12 Å − 1 Å = 11 Å for sample A0a and GaA0I = 12 Å − 5 Å =
7 Å for sample A0I. The fraction of the sapphire surface not covered by the Ni particles
determined from AFM images at room temperature is S = 70% ± 10%. Assuming that
S is the same at 730◦C during the growth of sample A0a, the amount of Ga incorporated
into the Ni particles can be roughly estimated by GaA0a,Ni = GaA0a − S × GaA0I = 11
Å− 0.7× 7 Å = 6 Å in GaN equivalent thickness. The equivalent Ga coverage is given
by CGa = GaA0a,Ni × ρGaN/2, where ρGaN is the number of atoms per volume unit and
ρGaN/2 is taken as the amount of Ga atoms per volume unit for stoichoimetric GaN.
This gives CGa = 6 × 10−8 cm × 8.79 × 1022/2 at/cm−3 = 2.7 × 1015 at/cm−2. How-
ever, the uncertainty of these very small values is relatively large: during the first 30
s the uncertainty of desorbing Ga is estimated to 2.3 Å related to the Ga flux transient
at the opening of the Ga shutter (15% estimated from the calibration) and to the time
resolution on the position of the maximum (estimated by integration over the range of
31

























Figure 3.4: Ni-Ga phase diagram extracted from ref. [145]. The shaded area on the right-hand side corre-
sponds to the composition range measured ex situ by EELS on a NW sample similar to sample
A0a. The shaded areas in the center and on the left-hand side correspond to the composition
range of sample A0a and A0c, respectively, deduced from the QMS experiments. The arrows
indicate the reaction path for A0a and A0c. The invariant reaction at 895◦C is indicated by the
horizontal red line.
± 15 s around the maximum position), respectively. To this must be added the uncer-
tainty for the sapphire surface left bare between the islands (0.7 Å). This corresponds to
a total amount of 1.3 × 1015 at/cm−2.
In Figure 3.2 a similar calculation can be carried out. During the first 52 s, the amount of
Ga not incorporated corresponds to a GaN planar layer 20 Å thick for the bare sapphire
substrate (sample A0III) while it amounts to 10 Å for sample A0IV for the sapphire
substrate covered by Ni islands (sample A0IV). The supplied amount of Ga corresponds
to an equivalent GaN thickness of 21 Å. The incorporated amount of Ga is then GaA0I I I
= 1 Å for sample A0III and GaA0IV = 11 Å for sample A0IV. Assuming S = 70%± 10%,
the amount of Ga incorporated into the Ni particles is estimated to GaA0IV,Ni = 11 Å −
0.7 × 1 Å = 10 Å in GaN equivalent thickness, which leads to CGa = 4.4 × 1015± 1.0
× 1015 at/cm−2. This result is thus in good agreement with the amount obtained from
Figure 3.1 for sample A0a.
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In comparison, a nominal Ni thickness of 4 Å corresponds to a coverage of CNi = 3.65
× 1015 at/cm−2 at 20◦C. This amount is close to the Ni coverage which we have deter-
mined by Rutherford Back-Scattering (RBS) [155]. It ranges from 2.3 × 1015 at/cm−2
to 3.2 × 1015 at/cm−2 for different samples. Hence, the Ga concentration within the
Ni-particles after 30 s of nucleation estimated from our QMS measurements lies in the
range of 28 at% to 63 at% which correspond to the centered shaded area in the Ni-Ga
phase diagram (Figure 3.4). This concentration is higher than the one deduced from
EELS and for this Ga concentration range several other Ni-Ga phases might also have
formed that are the γ-Ni13Ga7 phase, the ε-Ni3Ga2 phase, the β-NiGa phase or the β′-
Ga3Ni2 phase. However, the α’-Ni3Ga phase, whose existence domains is limited to
30 at% [145], is still to consider given the large uncertainty obtained by the present
measurement.
The maximum in the Ga desorption of the QMS profile is intriguing and suggests the
existence of a change in the system leading to a different incorporation behavior of the
supplied Ga. For the range of growth temperatures employed, the Ni-particles might
be, as discussed earlier, either solid or liquid. However, monitoring of the nucleation
by RHEED should help to clarify this point, tell us when GaN is first synthesized and
if this can in turn explain the drop in the Ga signal.
3.2.2 In-situ Reflection High-Energy Electron Diffraction Monitoring
For the monitoring of the nucleation by RHEED two different experiments were run for
which the rotation of the manipulator was stopped during the growth in order to ob-
serve the development of the structure in both azimuths [112̄0]GaN (sample A0m1) and
[101̄0]GaN (sample A0m2). During the first minute of these experiments, three differ-
ent RHEED patterns appear subsequently, and consequently, nucleation can be divided
into three stages. These stages are reported on the time profile of Ga desorption as seen
in Figure 3.5 as well as the corresponding RHEED patterns seen along the [112̄0]GaN
direction. It shows that a change in the diffraction pattern is accompanied by a change
in the Ga incorporation behavior.
Figures 3.6 and 3.7 illustrate the evolution of the RHEED pattern during nucleation in
both the [112̄0]GaN and [101̄0]GaN azimuths, respectively. The corresponding simulated
pattern using the Electron Microscopy Image Simulation (EMS) software is presented
under each RHEED pattern [156, 157].
As growth starts and throughout the first 25–30 seconds that delimit the first nucleation
stage, the RHEED pattern does not change significantly [Figures 3.6(a) and 3.6(b) and
Figures 3.7(a) and 3.7(b)] while the Ga desorption signal gradually increases (Figure
3.5). Following this initial stage, a different RHEED pattern briefly appears as seen in
Figures 3.6(c) and 3.7(c) coinciding with the maximum in the Ga desorption signal in
Figure 3.5. After about 35 s of nucleation the pattern characteristic for WZ GaN devel-
ops [Figures 3.6(d) and 3.7(d)] and remains for the rest of the growth. The appearance
of this WZ GaN pattern corresponds to the decrease of the Ga desorption signal as in-
dicated in Figure 3.5. It is remarkable that the succession of these three different stages
is within 5 s the same in both azimuths [101̄0]GaN and [112̄0]GaN although these two
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Figure 3.5: The 3 stages of the nucleation as identified by RHEED and correlated to the QMS profile of Ga
desorption.
experiments were run separately.
Figures 3.6(a) and 3.7(a) illustrate the pattern obtained after annealing of the Ni par-
ticles at a temperature of 730◦C, i.e. immediately before growth. Well-defined spots
are superimposed onto faint streaks related to the C-plane sapphire, which vanish dur-
ing subsequent growth. Spotty patterns are commonly seen for surfaces covered by
3D clusters. By a detailed analysis of this structure, two different twinned orientations
of a face-centered cubic (fcc) crystal could be identified. The reciprocal lattice spacing
was calibrated using the pattern of the sapphire substrate and the one of a rough layer
of N-rich GaN. On this basis the lattice parameter of the fcc crystal was determined to
3.6± 0.1 Å , which is consistent with the lattice parameter of Ni. Indeed, the α-Ni phase
has the fcc structure A1 and its lattice parameter at 730◦C is 3.566 Å , as calculated using
the thermal expansion coefficient of 18.534×10−6 at 730◦C extrapolated from Ref [158].
Moreover NiO, which also has the fcc structure, was rejected as a potential origin of this
pattern due to its much larger lattice constant of 4.217 Å at 730◦C (extrapolated from
Ref [159]). Lastly, a body-centered cubic (bcc) structure for Ni has also been reported to
form from the fcc one to accommodate large plastic strain [160] but does not correspond
to the observed pattern. Faint additional spots are also observable along the [111]seed
direction [empty circles in Figure 3.6(a)] which either results from a double diffraction
[161] or indicates the presence of another material with a larger lattice constant than
Ni (from our measurement 6.4 Å) which is however too small to correspond to the
34
3.2 Catalyst-assisted GaN NWs on C-plane sapphire substrates
Figure 3.6: Evolution of the RHEED pattern in the [112̄0]GaN azimuth during the nucleation of GaN NWs.
The corresponding kinematical diffraction pattern simulated with the EMS software for a cam-
era length of 400 mm and an acceleration voltage of 15 kV is presented below each pattern. The
patterns are presented chronologically (a) before growth, (b) after 5 s, (c) after 30 s, and (d) after
3 min 40 s of growth. The empty circles in the simulated pattern of (a) and (b) do not belong
to the simulation. They could correspond to double diffraction. In (a) the vertical dotted lines
stand for the sapphire substrate. The dotted and dashed hexagons stand for the twinned fcc-
Ni structures. In (c), the dotted and the dashed lines stand for the bcc-NiGa structure and for
another Ni-Ga compound of hexagonal structure (see text), respectively. In (d) the open circles
stand for additional reflections generated by the additional Ni-Ga compound.
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Figure 3.7: Evolution of the RHEED pattern in the [101̄0]GaN azimuth during the nucleation of GaN NWs.
The corresponding kinematical diffraction pattern simulated with the EMS software is pre-
sented below each pattern. The patterns are presented chronologically (a) before growth, (b)
after 5 s, (c) after 25 s, and (d) after 3 min 5 s of growth. In (a) the vertical dotted lines stand for
the sapphire substrate. The reflections of the twinned structures are superimposed. In (b) addi-
tional 11̄0 reflections appear. In (c), the dotted line and the dashed line stand for the bcc-NiGa
structure and for another Ni-Ga compound of hexagonal structure (see text), respectively.
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spinel NiAl2O4 (lattice parameter 8.05 Å at 780◦C [162]). The twinning of the structure
can only be resolved in the [112̄0]GaN azimuth while in the [101̄0]GaN azimuth all the
reflections are superimposed and correspond to the pattern simulated with the EMS
software. The twinning axis is [111]seed and the epitaxial relationship to the substrate is:
[111]seed ‖ [0001]Al2O3 and [112̄]seed ‖ [1̄21̄0]Al2O3 (orientation 1)
and
[111]seed ‖ [0001]Al2O3 and [1̄1̄2]seed ‖ [1̄21̄0]Al2O3 (orientation 2).
This first pattern evidences that the Ni particles are in the solid state before the initiation
of growth at the temperature of 730◦C.
Figures 3.6(b) and 3.7(b) illustrate the patterns obtained 5 s after the opening of Ga
and N shutters. These patterns characteristic for the first stage of nucleation show that
the crystal structure is unchanged in comparison to the one before growth. The twin-
ning of the structure remains and the additional spots along the [111]seed direction are
now clearly resolved. These spots do not correspond well to GaN since their corre-
sponding lattice parameter is much larger. Also they were already detected before the
GaN growth initiation. The epitaxial relationship to the substrate is the same as before
growth and the estimation of the lattice parameter gives also a similar value within
the range ± 0.1 Å. However, the spots are strongly stretched in reciprocal space in
the in-plane direction which is typical for 3D islands with a high aspect ratio. This is
an indication that the 3D Ni particles are elongated perpendicularly to the substrate
surface. In addition, faint reflections are visible in the [101̄0]GaN azimuth. In order to
identify them, the EMS pattern in this case was simulated using the L12 structure of
α′-Ni3Ga in agreement with the QMS results. Indeed by the same calculation as in the
previous section, the Ga composition in the particle was determined to be 24 ± 16 at%
corresponding to this structure although a Ni-Ga solid solution could still be involved.
According to these EMS patterns, the ordered phase of Ni3Ga would have a few ex-
tra diffraction reflections of weak intensity in comparison to the pattern of the α-Ni
phase. These reflections could not all be detected in this study but the (0,1̄,1) and (0,1,1̄)
ones were identified, confirming the presence of a Ni-Ga compound with low Ga con-
tent. Last, a small displacement of the (1̄, 1, 1) spots during the first stage was detected,
suggesting an increase in the lattice parameter as Ga is incorporated. According to Ref
[163, 164] the lattice parameter of Ni3Ga ranges from 3.575 Å to 3.691 Å and is expected
to increase when the Ga content rises from 23.1 at% to 30 at%. Unfortunately, the varia-
tion in the lattice parameter with the dissolved amount of Ga cannot be resolved by our
lattice constant estimation (± 0.1Å). Therefore, there is a strong presumption that the
phase present during the first nucleation stage is Ni3Ga or a disordered fcc solution of
Ni and Ga in agreement with the QMS results which demonstrated the incorporation
of Ga into the Ni particles.
Figures 3.6(c) and 3.7(c) illustrate the patterns obtained after 30 s and 25 s of growth,
respectively. These patterns characteristic of the second stage are very different from the
one observed during the first stage and indicate a sudden change of the seed structure.
They are the result of at least two different superimposed structures. One of these
structures has been identified to be a bcc crystal with the following orientation relative
to the substrate normal:
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[011]seed ‖[0001]Al2O3 and [011̄]seed ‖ [1̄21̄0]Al2O3 .
The second structure corresponds to an hexagonal crystal aligned along the direction:
[112̄0]seed ‖ [0001]Al2O3 and [0001]seed ‖[101̄0]Al2O3 .
Their lattice parameters estimated from these patterns are 2.9 Å for the bcc crystal, and a
= 4.1 Å and c = 5.0 Å for the hexagonal crystal. In order to identify these structures, the
range of 28 at% to 63 at% of incorporated Ga after 30 s of growth provided by the QMS
monitoring was compared to the phase diagram of Ni and Ga compounds presented
in Figure 3.4 [145]. This way the bcc β-NiGa phase (B2) could clearly be identified as
the bcc phase observed by RHEED. Indeed, the existence domain of this phase ranges
from 30 at% to 58 at% and its lattice parameter is 2.896 Å, which is in good agreement
with the value measured by RHEED. Additionaly, the second structure superimposed
corresponds to another hexagonal phase of Ni-Ga compound. This phase can not be
undoubtedly identified. Indeed, according to ref. [145–147, 163] in this range of Ga
composition and for the growth temperature of 730◦C the hexagonal phase γ-Ni13Ga7
(a = 4.005 Å, c = 5.018 Å), the hexagonal phase ε-Ni3Ga2 (with a = 3.995 Å, c = 4.980 Å)
and the trigonal or hexagonal one β’-Ga3Ni2 (a = 4.054 Å, c = 4.882 Å) might coexist
with the β − NiGa phase. Thus the second crystal structure observed by RHEED is
most probably one of these three hexagonal phases.
Again the EMS software provided the simulated patterns presented in Figures 3.6(c)
and 3.7(c). They result from the superposition of the β-NiGa phase with the γ-Ni13Ga7
one. In the experimental patterns, many faint additional reflections indicated by the
simulation are not detected. However, note that the EMS patterns correspond to per-
fectly ordered phases which is most probably not the case here.
Figures 3.6(d) and 3.7(d) illustrate the patterns obtained in the last stage of the nucle-
ation. In this stage, the spotty pattern characteristic for electron transmission through
GaN develops and remains for the rest of the growth. At the same time, the Ga des-
orption decreases to the steady state conditions where again the full Ga flux from the
effusion cell is incorporated. These data indicate that the formation of GaN NWs sets
in about 35 s after growth was initiated by opening of the shutters. The epitaxial orien-
tation of the GaN NWs is the same as the one for the planar layers:
(0001)GaN ‖(0001)Al2O3 and [112̄0]GaN ‖ [101̄0]Al2O3 .
Additional reflections characteristic for the NiGa phase of the second stage are still
observable even after 3 min of growth. This strongly supports the conclusion that a
substantial part of the seeds remains solid during growth.
3.2.3 Post-growth AFM and TEM investigations
In order to gather further information on the morphology and the crystal structure of
the seeds and the developing NWs during nucleation, post-growth analysis was car-
ried out by AFM and TEM on samples for which growth was stopped at the different
stages of the nucleation. Figure 3.8 presents the surface of samples for which growth
was stopped after 15 s (sample A0p1), 30 s (sample A0p2), 60 s (sample A0p3) and 120
s (sample A0p4). In all cases these samples exhibit a clear 3D morphology of particles
whose diameter ranges from 10 to 30 nm. However, these dimensions are strongly de-
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Figure 3.8: AFM images showing the evolution of the forming NWs in dependence of the nucleation time.
pendent on the size and shape of the probe tip so that no direct conclusion can be drawn
on the diameter and density evolution. The rms-roughness and the average particle
height are less affected by convolution with the probe tip, and these values are plotted
in Figure (3.9) as a function of the growth time. During the first 15 s of growth they
do not change significantly, suggesting that during the first stage of nucleation corre-
sponding to the incorporation of Ga into the Ni particles no significant vertical growth
occurs yet. Between 15 s and 30 s after opening of the shutters, both the rms-roughness
and the average height strongly increase. The precise time cannot be deduced from Fig-
ure 3.9, but after about 30 s, vertical growth can be seen in the AFM images too. Figure
(3.9) suggests that the growth rate slows down after about 120 s, but this may be an
artifact caused by the probe tip not reaching the substrate surface anymore.
TEM analysis of the samples grown for 15 s and 30 s (A0p1, A0p2) provides more in-
formation concerning the morphology and structure during nucleation. Figure 3.10
presents TEM images of Ni particles seen along the [101̄0]Al2O3 zone axis resulting from
15 s of growth (stage 1 in Figure 3.5, sample A0p1). Neither NWs nor GaN are detected
on the TEM images, but a large number of particles of fcc structures. This confirms
the earlier conclusion that in the first stage only Ga is incorporated into the Ni parti-
cles while GaN does not grow. These particles are mainly organized in populations of
two different scales [Figure 3.10(a)]. The smaller particles are typically 5 nm wide and
less than 2 nm high, and the values for the bigger particles are 7 nm and 5 nm. Inde-
pendently of their dimensions, they are aligned along two different mirror orientations
relative to the [111]particle axis [Figures 3.10(b) and 3.10(c)] that are identical to the ones
found by RHEED:
[111]seed ‖ [0001]Al2O3 and [112̄]seed ‖ [1̄21̄0]Al2O3 (orientation 1)
and
[111]seed ‖ [0001]Al2O3 and [1̄1̄2]seed ‖ [1̄21̄0]Al2O3 (orientation 2).
The dark contrast located along the interface of the particles with the substrate is most
probably the result of strain. Last, the lattice parameter of the particles was deduced
from the Fourier transform of the HRTEM image. Using the lattice parameter of sap-
phire as a reference, the value of 3.61 ± 0.04 Å was obtained for the particle structure,
which is consistent with the one deduced from RHEED during the first stage of nucle-
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Figure 3.9: Time evolution of the height and rms-roughness during nucleation. Both values were mea-
sured on 1 × 1 µm2 images like the one shown in Figure 3.8.
ation.
Sample A0p2 grown for 30 s was also investigated by TEM to assert the presence of par-
ticles with different structure or / and orientation than the one in the first stage. Cross-
sectional TEM images [Figure 3.11(a)] reveal the presence of already formed GaN NWs
whose length can reach up to 20 nm. Their epitaxial orientation relative to the sapphire
substrate investigated by SAED confirms the one deduced by RHEED [Figure 3.11(b)].
Unfortunately, the small volume of the Ni particles does not generate any detectable
spot in the pattern. However, all the particles on NW tips analyzed by HRTEM [Figure
3.11(c)] were found in the same state, phase and orientation as during the first stage of
the nucleation. The lattice parameter of these particles deduced by comparison with the
one of GaN is again 3.61 ± 0.04 Å in agreement with the one measured by RHEED and
HRTEM during the first stage of nucleation. Thus no direct evidence of any bcc phase
could be found. This apparent disagreement with the RHEED data for the second stage
may be a result of a different time dependence when the rotation of the substrate is
activated but also of the cooling procedure: Excess Ga present in the particles might
have been consumed by reactive N still present in the chamber. Moreover, this is also
suggested by the presence of a "hat" identified from its lattice parameter as GaN, found
on the top facet of many particles observed by TEM and also seen in Figure 3.11(c).
This hat might also have formed during cooling, because if it was present during the
nucleation, the Ni particles would have been buried for longer growth duration. Also
it is surprising that the particle does not cover the whole NW diameter. This could be
explained by the phase transformation inducing a change of the lateral facet planes.
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Figure 3.10: (a), (b) and (c) Cross sectional TEM images seen along [101̄0]Al2O3 of Ni1−xGax particles
with mirror orientation. (b) and (c) illustrate two particles in the orientations 1 and 2,
respectively.(d)–(g) are the calculated 2D Fourier transform of the particle and sapphire ar-
eas in (b) and (c).
Last, different orientations can coexist within a single catalyst particle as seen in Figure
3.11(d). This was also reported in ref [148]. Unfortunately, the size of the areas of dif-
ferent orientations is too small to assert if these are related to twins or different crystal
structures.
The bcc β-NiGa phase was nevertheless found during a TEM investigation of two other
samples (Figure 3.12). The particularity of these samples is that their growth procedure
was carried out under Ga-excess. Sample A0t1 results from 15 min exposure of the Ni
particles to the same nominal Ga flux as for the previous experiments, but with the
N-shutter remaining closed and at a substrate temperature of 780◦C. This sample pre-
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Figure 3.11: (a) Cross sectional TEM image and (b) SAED pattern along [12̄10]Al2O3 of sample A0p2 grown
for 30 s. (c) HRTEM image illustrating a NW tip of the same sample. The arrow points to a
"hat" of GaN. The bottom patterns are the corresponding 2D FFT calculated for the particle
and GaN areas. (d) HRTEM image illustrating a catalyst particle with mixed orientations or
structures.
sented in Figure 3.12(a) exhibits a mixture of both the β-NiGa and α′-Ni3Ga phase and
it is also seen that NWs are starting to form, possibly from the reaction with active N es-
caping from the source. For sample A0t2 illustrated in Figure 3.12(b) extracted from ref.
[165], growth was first conducted under N-excess and switched to Ga-excess at the end
of the procedure as described in ref. [19]. Again, the β-NiGa phase is clearly observed
and the measured lattice spacing of 2.08 Å is consistent with d011 = 2.05 Å for β-NiGa.
Moreover, the presence of the 001 reflections indicates that this phase is ordered. Last,
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the epitaxial orientation of these seeds is the same as the one deduced by RHEED. Thus,
the phase transformation observed in the second stage of the nucleation by RHEED is
effectively observable by TEM, but only in the case where a large amount of Ga is sup-
plied just before the end of the growth procedure in order to preserve enough Ga inside
the Ni-Ga particles after the cooling.
3.2.4 Influence of the temperature and V/III ratio on the nucleation processes
In the previous study the succession of the nucleation stages could be identified by
monitoring of the Ga desorption rate in real time. Similarly, the influence of the growth
parameters on this Ga desorption is further investigated, and three different tempera-
tures, Ga- and N-rates were explored separately. However, to make a detailed study
as in section 3.2.1 one would need to compare each experiment with the reference one
of growth on a bare sapphire substrate. This was not done for all of these samples,
and RHEED monitoring was not carried out either. Thus, it is not possible to detect
any change of the Ni1−xGax phases and determine the observation of stage 2. That is
why this brief stage is ignored in the following and only stage 1 and 3 are considered.
The identification of these stages is indicated on the QMS profile in Figure 3.13(a). As
before, stage 1 corresponds to the increase in the desorption of Ga for the duration t1
associated with the net amount of incorporated Ga A1, while stage 3 is the decrease in
the Ga desorption to which the duration t3 and the net amount A3 are associated. The
steady state is indicated as stage 4. At this point it is though necessary to point out that
A1 as well as A3 correspond to Ga incorporated both into the Ni islands and on the bare
sapphire left exposed between the Ni islands. Note that for both nucleation stages, if the
Ga incorporation rate does not change with the modified growth parameter, an increase
of the stage duration should produce an increase of the Ga amount incorporated. Last,
to understand these results, it is necessary to recall the investigation of Koblmueller et
al [46] on the nucleation of GaN on sapphire and SiC by QMS. They showed that the
GaN nucleation under Ga-excess was extremely delayed and accompanied by a higher
Ga reevaporation rate leading to an important GaN loss of thickness. This higher Ga
reevaporation was related to the decomposition of unstable subcritical nuclei. Hence,
similarly to these results t3 can be associated to the nucleation delay for the growth of
GaN.
Influence of the temperature on the nucleation processes
Figures 3.14(a) and 3.14(b) illustrate the evolution of t1 and t3 as well as A1 and A3 in
dependence on the substrate temperature. To this aim samples A0a, A0b and A0c were
grown at 730◦C, 755◦C, and 780◦C, respectively, under the same nominal V/III ratio as
previously. Their morphology is illustrated in Figure 4.16 in chapter 4 where it will also
be commented. These graphs show that the durations t1 of stage 1 and t3 of stage 3, as
well as the amount A1 increase with the nucleation temperature only slightly between
730◦C and 755◦C but significantly between 755◦C and 780◦C, while the amount A3 first
increases between 730◦C and 755◦C and then drops at 780◦C.
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Figure 3.12: Cross sectional HRTEM images along [12̄10]GaN of (a) sample A0t1 and (b) A0t2. In both cases,
growth was terminated under Ga-rich conditions. Each image is followed by the calculated
2D Fourier transform of areas corresponding to (a) the sapphire, the left and the right particles,
(b) GaN and the particle. The β-NiGa phase is unambiguously identified.
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Figure 3.13: (a) The 3 stages of the nucleation as identified by QMS. Stage 1 corresponds to the incorpo-
ration of a Ga amount A1 on the substrate surface (Ni particles and bare surface) during the
duration t1. No GaN is formed yet. Stage 3 corresponds to the nucleation of GaN with the
delay t3 and the amount A3 of GaN formed. Stage 4 corresponds to the growth of GaN in the
steady state. The QMS profile corresponds to sample A0g grown at 730◦C with a Ga-rate of
0.8 Å/s and a N-rate of 2.0 Å/s. (b) Calibrated QMS profiles of Ga desorption during nucle-
ation at 780◦C on bare and covered by Ni islands sapphire substrates (samples A0II and A0c,
respectively).
The increase in nucleation time can be explained by a higher Ga-reevaporation during
both stages. In addition, A1 seems to vary linearly with t1 although more statistic is
required to evidence an exact dependence. In contrast, A3 does not vary monotonously
with t3 indicating that the Ga incorporation rate changes with the temperature for stage
3. Thus the incorporation rate dependence on the growth temperature is different for
each nucleation stage.
Assuming that during stage 1 no GaN has formed yet, for each stage different mecha-
nisms would be in competition. During stage 1 only the mechanisms of Ga incorpora-
tion into the Ni seeds and Ga desorption would occur, while for stage 3 GaN nucleation
and GaN decomposition would also to be considered. Thus the difference in Ga incor-
poration rate between both stages could be related to GaN growth and decomposition
that would affect only stage 3. The assumption that no GaN forms during stage 1 is
in agreement with the experiment done at 730◦C. Moreover, for higher growth tem-
perature, during stage 1 the Ga supplied is still fully incorporated into the Ni seeds in
contrast to nucleation on bare sapphire where it almost fully desorbs as seen in Figure
3.13(b) presenting the QMS profiles of nucleation on bare sapphire and sapphire cov-
ered with Ni seeds at 780◦C. In addition, the GaN nucleation time on bare sapphire
also increases and less than 0.3 ML would have nucleated during stage 1 on the bare
sapphire exposed between the Ni seeds. Last, the decrease in Ga incorporation A3 re-
lated to GaN decomposition during stage 3 observed above 755◦C would be consistent
with experimental results on GaN decomposition [48]. These experiments showed that
the rate of GaN decomposition exponentially increases above 750◦C under active N-
excess whereas under Ga-rich conditions or vacuum, decomposition sets in already for
temperatures as low as 700◦C [36].
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Figure 3.14: Duration of the nucleation stages and corresponding amount of incorporated Ga as a function
of (a), (b) the growth temperature (Samples A0a, A0b, A0c), (c), (d) the N-rate (Samples A0a,
A0d, A0e) and (e), (f) the Ga-rate (Samples A0a, A0f, A0g). The straight lines are guides to the
eye.
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The effect of the Ga desorption and thermal decomposition of GaN is directly observ-
able in the QMS profile of sample A0c grown at 780◦C for which the reference exper-
iment of nucleation on bare sapphire (sample A0II) was also carried out. The corre-
sponding Ga-desorption profiles are shown in Figure 3.13(b). In both cases, growth on
bare sapphire and growth on sapphire covered by Ni islands, the duration of the whole
nucleation process and the corresponding loss of thickness are significantly increased
in comparison to the growth at 730◦C (see Figure 3.1 for comparison). Moreover, in
the steady state corresponding to stage 4, the Ga-desorption rate is different from zero.
This means that the growth rate is effectively lower than the supplied Ga-rate and that
Ga desorption and GaN decomposition are not negligible effects. Also, the decompo-
sition rate might be slightly different between samples A0c and A0II. Possible reasons
are that facets of different orientation are involved and that the effective surface of the
NW sample A0c is larger.
Interesting enough is that during stage 1 the Ga desorption from the sample covered
with the Ni islands (sample A0c) is still reduced in comparison to the one from bare sap-
phire (sample A0II). The duration of this stage lasts t1 = 58 s which is almost the double
in comparison to one measured during nucleation at 730◦C. The desorbed amount of
Ga during the initial stage is in GaN equivalent thickness 4 Å for sample A0c and 22
Å for sample A0II. Still assuming a fraction S = 70% of the sapphire surface not cov-
ered by the Ni particles for sample A0c, by the same calculation as in section 3.2.1, a Ga
concentration ranging from 65 % to 82 % is obtained. This range is higher than the one
deduced at 730◦C and would correspond in the binary NiGa phase diagram [145, 147]
to the Ga-rich portion where for this temperature the β’-Ga3Ni2 phase is in equilibrium
with the liquid one as illustrated in Figure 3.4 by the left-hand side shaded box. Hence
in this case it is expected that the VLS mechanism probably sets in. However, it should
be noted that the extraction of the composition from QMS profiles is not very exact and
that the Ga concentration ranges for samples A0a and A0c almost overlap. Also it is
questionable to what extent bulk phase diagrams can be applied to nanoscale particles
[106]. In any case, the richer Ga composition of the Ni islands for higher temperature
observed here is consistent with the results of Venugopalan et al [150] and Aurongzeb
et al [166]. These groups reported an increasing dissolution of Ga into Ni with temper-
ature in the range of 600◦C to 900◦C. A RHEED analysis as done in section 3.2.2 would
be needed to assertain if effectively another phase than NiGa is observed before GaN
growth sets in and whether it is solid or liquid.
Influence of the V/III ratio on the nucleation processes
Figures 3.14(c) and 3.14(d) illustrate the evolution of t1 and t3 as well as A1 and A3 in
dependence on the N-rate. To this aim the samples A0a, A0d and A0e are now consid-
ered. These samples were grown at 730◦C with a N-rate of 2.0 Å/s, 1.1 Å/s and 0.5 Å/s
respectively, but with the same Ga-rate of 0.4 Å/s. Their morphology is illustrated in
Figure 4.12 in chapter 4 where it will also be commented in detail.
For these samples, the durations t1 and t3 as well as the amounts of Ga incorporated
A1 and A3 are very similar. When the N-rate is decreased from 2.0 Å/s to 1.1 Å/s, the
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durations and amounts of incorporated Ga barely change whereas when the N-rate is
further reduced to 0.5 Å/s such that the stoichiometry is approached, these amounts
all increase.
For the first stage, the increase of the Ga incorporation A1 observed for the lower N-rate
but its constant value for higher N-rate may indicate that the composition of the seed
changes with the N-rate. Such dependence have already been observed by XEDS anal-
ysis ex situ on Au-Ga particles catalysing the growth of GaSb NWs by MOVPE [167]. In
this case it was evidenced that the seeds exhibited only two different Ga compositions
depending on the trimethylantimony flow (TMSb) whose reduction led to the larger Ga
composition. This result was interpreted in term of ternary phase diagram for which
two pseudobinary sections were evidenced between GaSb, Ga and Au so that it was
concluded that growth occurs along both these sections. Note that the ternary phase
diagram of the Ni-Ga-N system shown in appendix 5.2 also present similarly for the
temperature range considered two pseudobinary sections with tie lines between GaN,
NiGa and Ga3Ni2 and that for larger N-rate t1 and A1 are almost unchanged indicat-
ing a stable Ga incorporation A1 into the Ni-seeds before GaN nucleation. However, a
similar study by XEDS would be needed before such conclusion could be drawn.
The increase of Ga incorporation A3 observed for a lower N-rate is apparently in con-
tradiction with the lower decomposition rate of GaN occurring for higher active N-rich
excess reported by Fernández et al.[48]. However, as the N-rate is decreased, t3 in-
creases faster than A3. Hence, the mean Ga-incorporation rate estimated form the ratio
A3/t3 during stage 3 effectively decreases when the N-rate is decreased in agreement
with [48]. The rise of the Ga incorporation during stage 3 suggests an additional ef-
fect. The morphology of sample A0e reveals the presence of few short NWs embedded
in a planar rough layer of GaN. This contrasts with the morphology of samples A0a
and A0c that corresponds to thin NWs. For a small N-rate, i.e. smaller V/III ratio, this
observation indicates that the Ni islands are competing with the sapphire surface ex-
posed between the islands for the Ga-adatom incorporation and further GaN growth.
In this case, it is highly likely that the NW nucleation is limited by the low N-rate, as
will be discussed in more detail in section 4.4.1. Ga adatoms still incorporate preferen-
tially into the Ni islands, which is indicated by negligible Ga desorption at the start of
growth. However, if the Ga in the Ni islands is not consumed fast enough by the active
N, the further arriving Ga atoms accumulate outside the particles, and planar growth
also occurs leading to an increase of A3.
Last, the effect of the Ga-rate on the nucleation was also investigated. To this aim the
Ga-desorption of samples A0a, A0f and A0g grown with a Ga-rate of 0.4 Å/s, 0.2 Å/s
and 0.8 Å/s at a temperature of 730◦C and with a N-rate of 2.0 Å/s was monitored.
Their morphology is illustrated in Figure 4.14 in chapter 4.
In Figure 3.14(e), t1 decreases when the amount of supplied Ga is increased. However,
in Figure 3.14(f), the variation of A1 is barely noticeable. This result indicates that at
fixed temperature and N-rate, the supplied Ga-rate limits the Ga incorporation rate
into the Ni seeds but has no influence on the amount of Ga incorporated into Ni before
GaN nucleation.
For the second stage a different dependence is ascertained. t3 is nearly the same for
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Figure 3.15: The 3 stages of the nucleation at 730◦C of GaN NWs in the catalyst-assisted approach. In
stage 1 (top-left), Ga is preferentially incorporated into the Ni seeds. At the beginning of the
nucleation, the seeds have the fcc structure with orientations that are twinned. The Ni3Ga L12
structure also most probably appears during this stage, due to Ga incorporation leading to a
very similar diffraction pattern. In stage 2 (top-right), the transformation of the seed crystal
structure induced by Ga accumulation occurs. Two different seed structures appear whereas
the parent phase vanishes. The first one is the bcc NiGa structure and the second one corre-
sponds to another Ni-Ga related compound of hexagonal structure. In stage 3 (bottom), GaN
finally nucleates under the seeds. The compositions corresponding to the Ni-Ga and Ni-Ga-N
phase diagrams are given here as an indication but may differ from the exact composition
during the nucleation.
Ga-rates lower or equal to 0.4 Å/s while the Ga incorporation A3 is much lower at the
lowest Ga-rate corresponding to sample A0f. This indicates that the nucleation rate is
largely reduced for the lowest Ga-rate. For the highest Ga-rate corresponding to sample
A0g, the duration of the nucleation t3 is three times faster than for the lower Ga rates
whereas the incorporated amount of Ga A3 decrease to one third in comparison to the
amount obtained for the Ga-rate of 0.4 Å/s of sample A0a. This observation shows that
the increase in Ga-rate also increases the incorporation rate as would be expected for
the growth under N-rich conditions.
3.2.5 Discussion
The present study shows that the nucleation of GaN NWs grown by the catalyst assisted
approach can be divided into three main stages. These stages are Ga incorporation into
the Ni particles, transformation of the crystal structure of the Ni-Ga catalyst particles
and finally GaN nucleation. The model of the resulting nucleation is sketched in Figure
3.15. In the following, this model is discussed by considering the binary Ni-Ga and
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ternary Ni-Ga-N phase diagrams in order to get information on the different detected
Ni-Ga structures. As discussed earlier, at nanoscale and far from equilibrium, phase
diagrams might not apply. However they are useful in indicating reaction paths. Also,
in order to understand how binary semiconductor material can be synthesized from a
metal catalyst, it is necessary to understand the ternary phase diagram of the system.
The ternary phase diagrams of Ni-Ga-N are presented for two different temperatures in
appendix 5.2. As earlier exposed, no Ni-Ga-N ternary compounds are expected to form
at temperatures higher than 500◦C [149, 152, 153] and the nickel nitrides Ni4N and Ni3N
are unstable at our growth temperature [154]. Thus, at the beginning of the nucleation,
only the Ni-Ga system is considered. In Figure 3.4 the evolution of the composition of
the Ni particles is indicated by arrows for two different temperatures in this system.
The starting point of the NW nucleation corresponds to the Ni particles in the solid
state as indicated by RHEED. These particles have the fcc (A1) crystal structure and
their orientation relatively to the substrate normal is:
[111]Ni ‖ [0001]Al2O3 .
In addition, their in-plane orientation is twinned around the [111]Ni direction as
sketched in Figure 3.15. This point corresponds to the origin of the arrows in Figure
3.13. In the very early stage Ga diffuses into the Ni particles forming a Ni-Ga solid so-
lution. This result is ascertained by the systematically reduced Ga desorption observed
by QMS at the beginning of all the experiments where Ni particles were deposited onto
the sapphire surface in comparison to nucleation on bare sapphire. However at this
time RHEED evidences no nucleation of GaN. This was confirmed by TEM. When the
solubility limit of Ga into Ni is reached (around 24.3 % at 1212 ◦C [147] for bulk) most
probably the α′-Ni3Ga phase with the L12 structure appears. Ideally, the L12 structure
of Ni3Ga can be obtained from the fcc one of Ni by the substitution of Ni atoms with
Ga atoms at the corner sites of the fcc lattice so that no fundamental change in the
lattice structure would occur and the epitaxial orientation of the seeds would remain
unchanged. Therefore no obvious structural change at this stage could be evidenced
but the Ga incorporation was confirmed by additional 11̄0 reflections in the RHEED
pattern in Figure 3.7. When Ga accumulates, the volume of the particles increases and
strain most probably also appears at the interface with the sapphire substrate, as could
indicate the contrast observed at the interface of some particles with the substrate in
Figure 3.10(b) and (c). In addition, the gradual increase in the Ga desorption observed
by QMS during this initial stage could also be the sign of strain accumulation within
the particles constituing a barrier for adatom attachment as will be explained later in
the second part of this chapter.
The second stage (called stage 2 in this work) that has been identified is still not the
nucleation of GaN but an intermediate stage of the Ga incorporation corresponding to
a marked change of the crystal structure of the particles. RHEED ascertains the ap-
pearance of two new structures induced by further Ga incorporation. The first one
is undoubtedly the β-NiGa bcc structure. The second Ni-Ga related solid structure
is hexagonal and could be Ni3Ga2, Ni13Ga7 or Ga3Ni2. Following the binary Ni-Ga
phase diagram in Figure 3.4, at temperatures higher than 730 ◦C but lower than 895 ◦C,
Ga enrichment of Ni should produce successively the phases α′-Ni3Ga (fcc), γ-Ni13Ga7
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(hexagonal), ε-Ni3Ga2 (hexagonal), β-NiGa (bcc), β′-Ga3Ni2 (trigonal or hexagonal) and
finally a liquid Ga-Ni if Ga is not consumed faster by GaN nucleation. At this stage,
the calculation of the amount of Ga incorporated into the Ni extracted from the QMS
signal leads to the range of 28 up to 63 % at. This value is thus surprisingly compara-
ble with the existence domain of Ni3Ga whose upper limit amounts to 30 % at 720 ◦C
[145]. In addition, the appearance of the two new structures coincides exactly with the
disappearance of the parent Ni3Ga one. These two new structures appears with the
correspondence of crystal planes and directions:
(111)α′ ‖(011)β and [112̄]α′ ‖ [011̄]β
and
(111)α′ ‖ (112̄0)γ,ε,β′ and [112̄]α′ ‖ [11̄00]γ,ε,β′
Note that a decrease in the melting temperature could be expected for these particles of
nanometric scale. However, the presence of the hexagonal additional phase superim-
posed to the NiGa one indicates that the eutectic reaction between Ni3Ga, liquid, NiGa
(1207◦C) is not occurring. Nevertheless, the identification of this hexagonal Ni-Ga solid
structure is of interest in order to determine whether the VLS mechanism could be cou-
pled to the VSS one. The appearance of the Ga3Ni2 phase could enable an invariant
equilibrium between the NiGa, the Ga3Ni2 and the liquid phase as underlined in Fig-
ure 3.4 by the horizontal red line at 895◦C [147, 163]. In this case high Ga content liquid
catalyst could also be present during the nucleation.
For the NiGa phase, the above-mentioned epitaxial correspondence with Ni3Ga could
be the signature for a Kurdjumov-Sachs martensitic phase transformation. Martensitic
transformations have already been reported for pure Ni [160] and related compounds
as well as for the Ni-Al system [168] subjected to external stress or alloying. Briefly,
such a transformation is a diffusionless process which occurs very fast (it can reach the
velocity of sound in steel) [169] and involves an anisotropic expansion of the crystal
which is reversible. This observation could in turn explain the difficulty in observing
Ni-Ga particles in the β phase after the cooling procedure, since the amount of Ga en-
tailed by the Ni particles might be purged out inducing the reverse transformation.
Last, the anisotropic expansion involves a further change of the particle dimensions
which might present larger difficulties in controlling the NW diameter.
After this intermediate stage, finally GaN nucleation occurs as evidenced by the spotty
RHEED pattern corresponding to WZ GaN. Additional reflections belonging to previ-
ous Ni-Ga phases which remain superimposed for over 3 min are a strong indication
that a substantial part of the catalyst-particles are in the solid state also during growth.
Therefore the mechanism accounting for these GaN NWs is rather the VSS than the VLS
one. However, as proposed in ref. [170] and evidenced in ref. [121] a VLS mechanism
could also still occur by an increase in the Ga concentration along the particle from the
top surface to the interface such that the lowest part near the interface with the NW is
liquid while the top surface of the particle remains solid.
Note that the phase sequence observed in this study at 730◦C, corresponding succes-
sively to Ni, Ni-Ga solid-solution, probably Ni3Ga and NiGa before the nucleation
of GaN, is found in remarkable agreement with the Ni-Ga-N ternary phase diagrams
[149, 152, 153] between 500◦C and 850◦C. Of course, at different temperatures different
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phase sequences are predicted. And most probably the larger amount of Ga incorpo-
rated into the particles before GaN nucleation detected by QMS for higher nucleation
temperatures would correspond to another phase sequence, as sketched in Figure 3.4.
Similarly, experimental observation by Venugopalan et al [150] showed that between
600 and 900◦C annealing of GaN with Ni in N2 atmosphere yields Ga-richer nickel
gallide phases. However, for the considered temperature range, ternary diagrams all
evidence that the equilibrium between Ni1−xGax and GaN starts for x≥ 50 at%, as NiGa
is the first Ni-Ga compound to present a tie-line with GaN as the Ga concentration is
increased. In other words, between 500◦C and 850◦C, for x≤ 50 at% when N, Ga and
Ni are present, only N gas and Ni-rich Ni-Ga compounds would be obtained at equi-
librium. Thus this prediction is found comparable with the appearance of GaN from
Ni-Ga particles in the NiGa phase or a Ga-richer phase.
By comparison with the existing literature, apparent divergences are observed. Apart
from the axial growth (corresponding to stage 4 in Figure 3.13), usually two stages
are reported in ref. [114–116, 122, 171] that are metal alloying and crystal nucleation.
However, for the material systems considered in these references, the material phase
sequence during nucleation is simple. For systems that have a more complicated phase
sequence before the crystal nucleation it is most probable that the alloying stage could
be divided in as many sub-stages as phases crossed following the phase diagram of the
considered material system. Therefore, the additional intermediate stage evidenced
in this study could be considered as a sub-stage of the Ga-incorporation into the Ni
catalyst. Similarly, different phases of the catalyst particles have been observed in the
Au-Ga system during the growth of GaAs NWs for different V/III ratio [113] as well as
phase transformation of the catalyst induced by the switch of group V material during
the formation of GaAs-GaSb NW axial heterostructure [167]. In both cases, an agree-
ment with the corresponding phase diagram was reported. Such a change of the cat-
alyst crystal phase could be a priori unwanted, since it might also induce a change in
the particle diameter and contact angle, as also observed in Figures 3.11(c) and 3.12(b).
Therefore such transformation of the catalyst’s crystal structure may have important
consequences on the crystal structure and shape of the NWs [123, 167].
In addition, the incorporation of Ga into the Ni seeds is not the limiting growth process
since at first almost all the Ga supplied is incorporated. Also the abrupt change of the
crystal structure during the second intermediate stage does not designate this stage
either. Therefore, the most probable limiting growth process is the nucleation of GaN.
This conclusion is confirmed by the observation (section 3.2.4) that the duration of stage
3 t3 corresponding to GaN nucleation before steady state growth is always larger than
the duration of stage 1 t1 corresponding to the Ga incorporation into the Ni particles.
Last, at fixed temperature and N-rate, the Ga-rate was observed to limit the duration
of both the first and third stages. However, for the first stage the amount of incorpo-
rated Ga was nearly constant independently of the Ga-rate and t1 varied inversely with
the Ga-rate whereas for the third stage the Ga-rate also enhanced the nucleation rate.
The N-rate was shown to have little influence except when the V/III ratio was close to
stoichiometry. Thus these results reveal that the nucleation rate is conditioned by the
amount of Ga arriving at the growth front. In any case the NW growth is the result of
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a fragile equilibrium between temperature, N-rate and Ga-rate since these parameters
strongly influence the composition, the crystal structure and the orientation of the cat-
alyst. These results confirmed the catalyst particle is highly alterable [77, 84] and show
that the alloying stage is decisive in determining the properties of NWs to grow.
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Figure 3.16: Calibrated QMS profile of Ga desorption during nucleation under the same conditions of
fluxes and temperature (a) directly on silicon substrates (001) and (111) (sample S0a and S1a)
with rotation of the substrate, (b) with 900 s Ga exposure before GaN growth on Si(001) (sam-
ple S0r) for samples reproduced with the same temperature and fluxes as for sample S0r.
3.3 Catalyst-free GaN NWs on Si(111) and Si(001) substrates
In the following, a similar study as in the case of the catalyst assisted approach was car-
ried out for the catalyst-free approach. RHEED and QMS were employed to investigate
the nucleation of GaN NWs grown on Si(001) and Si(111). As will be shown the results
for the two surface orientations are quite similar. Si(001) is the standard substrate in
the semiconductor industry. Thus, systematic AFM and TEM measurements on a se-
ries of samples with various short growth durations were carried out for this substrate
orientation. The list of the samples reported here is given in appendix 5.2.
3.3.1 In-situ Quadrupole Mass Spectrometry Monitoring
Figure 3.16 presents the calibrated QMS profile of Ga desorption monitored during the
nucleation of GaN on cleaned bare Si(001) and Si(111) substrates (samples S0a and S1a)
at a temperature of 730◦C and for Ga- and N-rates of 0.4 Å/s and 2.0 Å/s, respectively.
The same procedure as for the growth on Ni covered sapphire was applied. When
growth of GaN is initiated at t=0 s a different behavior is observed in this case. On
both Si(001) and Si(111), the desorption signal immediately increases to about the level
of the totally supplied rate of Ga similarly to the nucleation on bare sapphire substrate
(see the profile of sample A0I profile in Figure 3.1). This indicates an initially negligible
Ga incorporation, and thus a negligible growth of GaN for the very first seconds of
nucleation. After about 3–4 sec, a decrease of the desorption signal occurs in two steps.
The first decrease brings the desorption rate to about half the impinging rate. This
decrease is in the case of Si(111) less abrupt than on Si(001). However on both substrate
orientations, a second drop in the Ga desorption is observed after about 40 s for Si(001)
and 48 s for Si(111) during which the Ga amount in GaN equivalent thickness of about
8 Å and 7 Å, respectively, is incorporated. The desorption signal then decreases to the
steady state where all the supplied Ga is incorporated. The observed 2-step decay in the
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Figure 3.17: Calibrated QMS profile of Ga desorption during nucleation (a) on Si(001) and (b) on Si(111)
substrates without rotation, with rotation and with Ga exposure before growth with rotation
(samples S0m, S0a, S0r and samples S1m, S1a, and S1r, respectively). In (a), the squared and
crossed symbols refer to the samples grown at intermediate time in the nucleation. The sym-
bols refer to the samples grown with 900 s of Ga exposure prior to growth (squares, samples
S0p0, S0p1, S0p2, S0p3, S0p4, S0p5) and grown without pre-exposure (cross, sample S0p6).
Ga desorption profile indicates an important impeded GaN incorporation and suggests
that there is a structural change taking place during the nucleation.
The second decrease as well as the reaching of the steady state occur after a period of
time which depends on the substrate surface conditioning and flux uniformity. Figure
3.17 presents three QMS profiles corresponding to three different growth procedures
(a) on Si(001) and (b) on Si(111) substrates with the same growth parameters (sample
cleaning procedure, fluxes and temperature). The dashed line (samples S0r, S1r) corre-
sponds to the case where the wafer was first exposed to the flux of Ga for 900 s at 730◦C
while keeping the N-shutter closed. For both substrates, when the nucleation is initi-
ated by opening the N shutter, it takes about 30 s less to observe the second decrease
and to reach the steady state than when the nucleation is directly initiated (samples S0a,
S1a). The dotted line corresponds to the same experiments as S0a and S1a but without
rotation (samples S0m, S1m). A 15 s delay compared to the nucleation on Si(001) with
rotation is observed. However, for the nucleation on Si(111) the opposite trend (in this
case the nucleation with rotation lasts longer) is ascertained within the same delay. Par-
ticularly in the case of the experiment without any rotation, RHEED observations were
carried out requiring focusing time before growth during which the substrates were
facing the cells closed by the shutters. However, escaping atoms already reacting with
the substrates might be the origin of the shift in the nucleation duration observed here.
In particular, for sample S1m the focusing time was longer than for S0m and the maxi-
mum desorption at the beginning of the growth is lower than the totally supplied rate
of Ga.
Reproducibility have been tested and Figure 3.1(b) presents the calibrated QMS profiles
of experiments that have been done under the same flux and temperature conditions
as for sample S0r with Ga pre-exposure. The two step decay is also observed although
the first step is much more abrupt and a reproducibility with the uncertainty of 15 s is
55
3 Nucleation of GaN nanowires in MBE
Figure 3.18: The 2 stages of the nucleation as identified by RHEED and correlated to the QMS profile of
Ga desorption for (a) Si(001) and (b) Si(111) (samples S0m and S1m, respectively).
obtained. This could strongly be attributed to a small fluctuation in the supplied rate
of Ga from one experiment to another. Indeed, a 0.01 Å/s difference in the supplied
Ga-rate would lead to 9 Å more Ga supplied after 900 s Ga pre-exposure. This amount
is three times larger than the difference in the amount of Ga incorporated between the
traces corresponding to the shortest and longest nucleation durations in Figure 3.1(b).
Thus, the difference of 15 s found for the time delay between the samples grown with
and without rotation is not significant, while the difference of about 30 s obtained be-
tween the samples with and without Ga pre-exposure is significant and shows that Ga
pre-exposure effectively shorten the nucleation.
In any case, there are at least two different stages in the nucleation on Si independently
of the crystal orientation, and the time dependence is similar in both cases. Again,
RHEED analysis could help to understand the complex Ga desorption behavior.
3.3.2 In-situ Reflection High-Energy Electron Diffraction Monitoring
As for the monitoring of the nucleation on sapphire, experiments were run for which
the rotation of the manipulator was stopped during the growth, but in this case only
one single azimuth was investigated since no pattern corresponding to an unidenti-
fied structure was detected. The experiment run on Si(001) was monitored in the az-
imuth [110]Si (sample S0m) while the one grown on Si(111) in the [1-10]Si (sample S1m)
one. During the nucleation of GaN NWs on substrates of each orientation, two differ-
ent RHEED patterns are observed. In consequence, two different nucleation stages are
identified during the nucleation on both Si(001) and Si(111). These stages are correlated
to the time dependence profile of the Ga desorption in Figure 3.18. In Figure 3.18(a) and
(b), the corresponding RHEED patterns seen along the [110]Si(001) and [1− 10]Si(111) are
reported. The transition between the two stages was deduced from the profile of the
RHEED spot intensity shown in Figure 3.19 that will be discussed below.
Figures 3.20 and 3.21 illustrate the detailed evolution of the RHEED pattern during nu-
cleation on Si(001) and Si(111), respectively, showing that except for the initial surface,
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Figure 3.19: RHEED intensity and calibrated QMS profile of Ga desorption during nucleation (a) on Si(001)
and (b) on Si(111) substrates without rotation (samples S0m and samples S1m, respectively).
nearly the same patterns and time dependence are obtained. After the oxide desorp-
tion and the growth temperature setting at 730◦C, the (1×2) reconstruction appears
for Si(001)[Figure 3.20(a)–(b)]. For Si(111) only a poor (7×7) reconstruction is obtained
most likely due to an incomplete oxide desorption [Figure 3.21(a)–(b)]. Note that the
initiation of GaN growth immediately induces the appearance of the (1×1) reconstruc-
tion on Si(001) and on Si(111). However, for the growth on Si(111) the obtained pattern
is very diffuse and additional faint reflections were also observed. These reflections
could result from experimental artifacts or from another reconstruction. (We note that
for nitridation at 900◦C an (8×8) surface reconstruction was attributed to Si3N4 [172]).
As growth proceeds, these patterns become weaker and blurry. In the case of growth
on Si(001) this pattern finally vanishes, while on Si(111) reflections are still very faintly
distinguishable (Figures 3.20(c)–(d), 3.21(c)–(d), respectively). The appearance of the
(1×1) reconstruction is accompanied by the abrupt and brief increase in the Ga des-
orption signal to nearly the full amount of supplied Ga at the very beginning of the
nucleation and to the subsequent Ga desorption signal decrease to about half its value
at slightly different times.
The second stage of the nucleation starts after about 43 sec for Si(001) and 35 sec for
Si(111) (corresponding to 8 Å and 6 Å, respectively) when broken rings appear in
RHEED and become more and more intense [Figures 3.20(e)–(f), 3.21(e)–(f)]. At the
same time the second drop in Ga desorption takes place. The agreement in the evolu-
tion of the RHEED pattern and the QMS signal is clearly seen in Figure 3.19(a) and (b)
where the RHEED spot intensity of the broken rings and the Ga desorption are plotted
in the same diagram. These rings correspond to the pattern of GaN seen in transmis-
sion. The ring-like appearance of the reflections originates from the superposition of
the patterns through the tilted GaN crystals growing with a misorientation relatively
to the normal of the substrate. In addition, the superposition of reflections of both az-
imuths [112̄0]GaN and [11̄00]GaN indicates that the GaN crystals are also rotated around
the C-axis.
The appearance of the rings corresponds to the second decrease of the Ga desorption
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signal reaching the steady state where all the arriving Ga is incorporated. Thus, this
event points to the start of the massive growth of GaN 3D crystals. However, Ga in-
corporation prior to it is already detected during the first nucleation stage. Several
hypotheses can be made. First, it can be assumed that Ga accumulates at the Si surface
but does not form GaN yet whereas N preferentially bonds to Si and forms silicon ni-
tride. Indeed, the Si-N bond energy (4.5 eV / bond) is much stronger than the one of
GaN (2.17 eV / bond) [173], and this, in addition to the higher density of N and Si atoms
favors silicon nitride formation rather than GaN [26]. This hypothesis would be con-
sistent with the progressive blurring of the Si(1×1) reconstruction. However, the QMS
profiles of experiments stopped during the first nucleation stage do not indicate imme-
diate post-growth Ga desorption after the closing of the Ga and N shutters (data not
shown), although this Ga desorption could be prevented by the excess N [36]. There-
fore we also consider another hypothesis based on the formation of an intermixed layer
of Si-N and Ga [26]. In order to elucidate this question, further investigations were car-
ried out by AFM and TEM on samples for which growth was stopped at the different
stages of the nucleation.
3.3.3 Post-growth AFM and TEM investigation
The QMS and RHEED results presented in the previous sections imply that the nucle-
ation processes on the two Si orientations are fairly similar. Hence, only for one orienta-
tion post-growth analysis was carried out by AFM and TEM on samples for which the
growth was stopped at various instants of the nucleation. As Si(001) is technologically
much more relevant, this orientation was chosen. Indeed, the monolithic integration
of V/III material on Si(001) is of larger interest but the attempts to grow planar GaN
on Si(001) have so far resulted in the mix of wurtzite (WZ) and zinc-blend (ZB) phases
[174, 175].
Note that for most of these samples the nucleation was initiated differently. GaN nu-
cleation was preceded by the exposure of the clean Si surface to the Ga flux during 900
s at 730◦C. During this time, the plasma cell was ignited but the N-shutter remained
closed. This way, samples S0p1, S0p2, S0p3, S0p4 and S0p5 were further grown for 4 s,
15 s, 30 s, 60 s and 120 s, respectively. Sample S0p0 received the same Ga exposure with-
out any further growth. Another sample, S0p6 was grown for 15 s without preceding
Ga-exposure. Figure 3.22 presents the surfaces of these samples investigated by AFM.
Their position in the evolution of the nucleation is reported in the corresponding QMS
Ga desorption profile in Figure 3.17(a).
In Figure 3.22(a), the surface of sample S0p0 resulting from only the exposure to Ga is
very different from the one of clean Si(001) (chapter 2) although the height and the rms
values of both samples are very similar. Here, the terraces of Si are not observable but
instead a porous morphology is obtained. The diameter of these pores or pits can reach
20 nm. After 4 s of growth [sample S0p1, Figure 3.22(b)], a rougher surface is obtained
with the formation of apparent mounds. Isolated islands up to 50 nm wide nucleate
close to the edges of these mounds. The surface observed between the islands is similar
to the one of sample S0p0. After 15 s of growth [sample S0p2, Figure 3.22(c)], smaller
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Figure 3.20: Evolution of the RHEED pattern during the nucleation of GaN NWs on Si(001) in the
[110]Si(001) azimuth, apart from (b)in the [311]Si(001). The patterns are presented chronologi-
cally (a), (b) before growth, (c) after 1 s, (d) after 45 s, (e) after 60 s, (f) after 240 s of growth.
(Sample S0m)
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Figure 3.21: Evolution of the RHEED pattern during the nucleation of GaN NWs on Si(111) in the
[21̄1̄]Si(111) azimuth, apart from (b)in the [1− 10]Si(111). The patterns are presented chrono-
logically (a),(b) before growth, (c) after 15 s, (d) after 30 s, (e) after 60 s and (f) after 240 s of
growth. (Sample S1m)
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Figure 3.22: AFM images showing the evolution of the forming NWs in dependence of the nucleation
time. For (a)–(f) the Si(001) surface was exposed to the Ga flux for 900 s before opening the N
shutter for GaN growth (Samples S0p0–S0p5, respectively). For (g) GaN growth was directly
initiated (Samples S0p6). In (b) the arrow point out a mound-like feature.
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additional islands have nucleated between the formerly isolated ones and the surface is
now completely covered by them. After 30 s of growth [sample S0p3, Figure 3.22(d)] the
smaller islands’ diameter increases, but their size is still inhomogeneous and the larger
islands size is still about 50 nm. The mounds are not observable any more. After 60 s
of growth [sample S0p4, Figure 3.22(e)] the rms-roughness has strongly increased and
the surface is completely covered by islands of homogeneous diameter (50–60 nm). For
further growth [sample S0p5, Figure 3.22(f)] the diameter size is similar but the height
is strongly increased.
In comparison to these samples, the topography of sample S0p6 grown without Ga pre-
exposure seen in Figure 3.22(g) is different from the other samples since the surface is
partially covered by large patches (about 50 nm wide). However, it presents some com-
mon features with sample S0p0 since pits are also observed and the rms and the height
scale are comparable. The morphology of sample S0p2 grown for the same duration
is very different from the one of S0p6 and this can be explained by the QMS profiles
in Figure 3.17(a). The desorption profile of samples with Ga pre-exposure was found
to precede by 30 s the one of samples grown without Ga pre-exposure and this was
observed for both substrate orientations Si(001) and Si(111). This suggests that sample
S0p6 grown for 15 s corresponds to an earlier stage in the nucleation than sample S0p1
grown for 4 s with Ga pre-exposure. According to the QMS results, the Ga pre-exposure
results in a nucleation 30 s shorter, thus the growth time of sample S0p1 would be actu-
ally 4 s + 30 s long.
In brief, the AFM investigation shows that the nucleation begins with mound and iso-
lated island formation and continues with the one of many new small islands between
the previous ones. These new islands grow rapidly in size, faster than the ones that
have nucleated first and at the end of the nucleation the surface is completely covered
by islands of homogeneous size that grow vertically.
TEM investigation on samples S0p1, S0p2, and S0p6 gives structural information on
the features observed by AFM. The cross sections of samples S0p1 and S0p6 (Figure
3.24 and Figure 3.23, respectively) corresponding to stage 1 in Figure 3.17(a) are alike.
First, several mounds with different facets than (001) cover the surface and their 2D
Fourier transforms (2D FFT) [Figure 3.23(b),(c)] indicate that these mounds are made
of Si. Second, numerous pores or pits observed by AFM were also detected by TEM as
seen in Figure 3.24(c). Also, another interference pattern is detected inside these pits
as pointed out by the arrow in Figure 3.24(d). This could be induced by a stronger
contrast of the facet planes of the pits. However, in this case, a symmetrical effect on
both side of the pit would be expected, which is not observed. This structure could
also correspond to another material than Si forming inside the pits. Third, a crystalline
but highly defective layer, about 2 ML thin, covers partially the surface between the
mounds and pits [Figure 3.24(c), 3.23(g)–(i)].
This layer seems to be covered by an amorphous thin cap and has a different struc-
ture than Si. Its in-plane lattice distance calculated from the 2D FFT is 3.8 ± 0.3 Å.
Assuming a hexagonal structure, the observed reflections could be generated by the
(2̄110) lattice planes and in this case, a lattice parameter of a = 7.6 Å is deduced. This
value matches quite well the lattice parameter of α-Si3N4 (a = 7.576 Å) or β-Si3N4 (a =
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Figure 3.23: (a), (b), (g), and (h) Cross section TEM images along the [11̄0]Si zone axis of a sample grown on
Si(001) for 15 s without Ga pre-exposure (sample S0p6). (a) illustrates a Si mound and (b) is an
enlarged view where an island was detected. (c), (d), and (e) are the corresponding calculated
2D FFT. (f) is the inverse FFT of (b). (g) and (h) illustrate the crystalline layer formed and (i) is
the 2D FFT of this area.
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Figure 3.24: (a),(b),(c),(d) Cross section TEM images along the [11̄0]Si zone axis of a sample grown on
Si(001) for 4 s after 900 s exposure to the Ga flux (S0p1). (a) illustrates a Si mound and (b) is
a zoom of (a) showing that the mound have the same structure as the underlying Si(001). (c)
evidences the presence of pits formed in the Si(001) substrate and (d) is an enlarged view of
(c). The arrow points out the presence of another interference pattern detected in one of these
pits.
7.722 Å), that both have the hexagonal crystal structure. The (200) lattice planes of cubic
γ-Si3N4 (a = 7.695 Å) [176] could also be involved. However, our growth conditions dif-
fer fundamentally from the high pressure and temperature reported to be essential for
the synthesis of the γ-Si3N4 phase [177]. The epitaxial relation of these silicon nitride
partially ordered domains would be:
[2̄110]α−,β−Si3 N4 ‖ [110]Si
or
[200]γ−Si3 N4 ‖ [11̄0]Si
No interplanar distance of GaN, ZB or WZ was found to match the value of the in-plane
lattice distance. In addition, this result would be in agreement with the formation of a
SixNy interfacial layer between GaN and Si. Several Auger electron spectroscopy (AES)
studies performed on GaN samples grown on Si reported a stoichiometry similar to the
one of Si3N4 at 700◦C and of SiN at 950◦C [178, 179]. Similarly, X-ray mapping and
EELS analysis performed on one of our NW samples grown on Si(111) revealed the Si-
and N-composition of the interfacial layer [180] in agreement with several studies on
GaN NWs growth [26, 134, 137, 181]. However, a precise compositional analysis would
be required to draw a definitive conclusion on this particular sample. Indeed, this SixNy
interfacial layer could also be sub-stoichiometric to Si3N4 as observed in reference [182]
or intermixed with Ga as suggested in ref. [26]. This would contrast with the results of
Furtmayr et al [137] who reported no traces of Ga in the SixNy layer, but in this case the
intentional nitridation process of the Si(111) substrate that they carried out before GaN
growth could suppress the intermixing. For sample S0p6 grown for 15 s the amount of
incorporated Ga as determined by RBS was less than 1 ML (2.1 Å) and for sample S0p1
it exceeds 2 ML (6.8 Å). Hence, it is intriguing not to observe any GaN wetting layer
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Figure 3.25: Left, plan view SEM image and right corresponding RHEED pattern of (a) sample S0p6 grown
for 15 s without Ga pre-exposure and (b) sample S0p1 grown for 4 s with 900 s Ga pre-
exposure. For sample S0p1 the island density is larger although the growth duration is shorter
while for sample S0p1 very few islands are found. Note that the extended shape of the islands
on sample S0p1 could result from a bad focus of the SEM so that the islands’ size of both
samples are not directly comparable. In both cases the broken rings characteristics for GaN
islands seen in transmission are not observed by RHEED carried out after growth.
for these samples. Note that the thin highly defective layer could still be composed
of largely misoriented Si since the lattice distance of (110)Si is 3.84 Å, or also β-Ga3O2
whose interplanar distance of (201)β−Ga3O2 amounts to 3.67 Å. Taking all of the above
into account, most likely this layer consists of SixNy.
Fourth, AFM evidenced a low density of isolated islands grown on the mounds for
sample S0p1 not observed by TEM for this sample, most probably because of the low
density, but for sample S0p6 [Figure 3.23(b)]. In addition, SEM images of this sample
[Figure 3.25(a)] effectively revealed the presence of islands with an even much lower
density than the one on sample S0p1[Figure 3.25(b)]. Note that the surface separating
the islands is different in both cases. For sample S0p6, the surface seems also to be in-
completely covered by patches, similarly to the corresponding AFM image in Figure
3.22(g), while for sample S0p1 the surface looks very rough but more homogeneous.
The RHEED pattern corresponding to sample S0p6 does not indicates the presence of
the islands, whereas for sample S0p1 very faint reflections could correspond to rings
superposed to a single spot. Figure 3.23(b) presents such an island 3–4 nm wide whose
axis is tilted with respect to the Si mound. The lattice distance measured from the
2D FFT [Figure 3.23(e)] is 2.5 ± 0.3 Å which can correspond to the (0002)GaN (2.593
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Figure 3.26: (a)–(d) Plan-view TEM images along the [001]Si zone axis of a sample grown on Si(001) for 4 s
after 900 s exposure to the Ga flux (S0p1). (a) illustrates the preferential nucleation of islands
along terraces with edges parallel to the <110>Si direction. (b)–(d) are enlarged views of (a)
revealing the presence of individual islands. (e)–(g) are the corresponding calculated 2D FFT
for Si, and islands (c) and (d), respectively.
Å), (11̄01)GaN (2.437 Å), (111)GaN (2.61 Å) or (002)GaN (2.26 Å) lattice distance. Unfor-
tunately, no exact epitaxial relation or phase can be deduced since the in-plane infor-
mation is missing. Note that the observation of the ZB phase would be consistent with
earlier studies on GaN grown by MBE on Si(001) and Si(111) [174, 183, 184] and even on
C-plane sapphire by HVPE [185] reporting polytypic phases of GaN. In addition, sim-
ilarly to the pits observed in samples S0p1 and S0p6, ref. [174] reported the presence
of many crystallographic pits with (111) sidewall planes at the Si(001)/GaN interface
and STEM analysis showed them to contain GaN. The facets of the pits we observed
here are not well defined but could be of the same nature. Last, ref. [186] also reported
the presence of these pits after nitridation of Si(001) substrate with the Si substrate ex-
posed at the bottom. Their depth and diameter could reach up to 7.5 nm and 50 nm,
respectively.
Since the island density was too low to be observed on cross-sectional samples by TEM,
plan-view samples were also prepared. For both samples S0p1 (Figure 3.26) and S0p6
(Figure 3.27), incomplete coverage of the surface was revealed and numerous islands
with a diameter of 3–5 nm were found. For sample S0p1, these islands preferentially
nucleate at what is thought to be the edges of [110]Si oriented terraces 20–80 nm wide.
Figure 3.27(a) recalls Figure 3.22 with the observation of island nucleation at the edges
of mounds. However, here the terraces are narrower than the spaces between the first
nucleated islands observed by AFM. For sample S0p6 no such preferential nucleation
site was observed. The islands have different epitaxial orientation relatively to the un-
derlying Si(001) substrate that is still very faintly observable in Figure 3.27(a). There-
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Figure 3.27: (a) and (b) Plan-view TEM images along the [001]Si zone axis of a sample grown on Si(001)
for 15 s (sample S0p6). (c)–(e) and (f)–(g) are the corresponding calculated 2D FFT of Si and
the islands area in (a) and (b), respectively.
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Figure 3.28: (a)–(c) Cross section TEM images along the [11̄0]Si zone axis of a sample grown on Si(001) for
15 s after 900 s exposure to the Ga flux (S0p2). (a) and (b) illustrate GaN clusters formed on
top of the amorphous Si3N4 layer. (c) Island in contact to the underlying Si substrate at a step.
(d)–(g) are the corresponding calculated 2D Fourier transforms of the clusters in (a), (b), and
(c), respectively.
fore, (022)Si reflections are obtained in the 2D FFT [Figure 3.27(c)–(e)] and enabled to
measure the interplanar lattice distance for the islands. It amounts to 2.0± 0.3 Å, which
could correspond to the (01̄12)GaN (1.89 Å), or the (002)GaN (2.26 Å) lattice distance
but also to the (2̄112)β−Si3 N4 (2.27 Å). A closer look to the 2D FFT patterns indicates
that some reflections generated by the islands are almost aligned with the (022)Si direc-
tion. Many of these islands are highly faulted and twinned polycrystals seem to form
through coalescence [Figure 3.26(b)]. Considering that QMS and RBS measurements in-
dicated the presence of Ga on these samples, it is most likely that these islands consist
of WZ or ZB GaN. However, since ZB GaN has not been reported for GaN NWs grown
by MBE, it is suggested that if this metastable phase forms, it dissolves away during
further growth.
Sample S0p2 corresponding to stage 2 in Figure 3.17(a) grown for 15 s with Ga pre-
exposure was also investigated by TEM (Figure 3.28). The cross-section of this sample
revealed a completely different structure than the one of samples S0p1 and S0p6. No
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crystalline layer, nor mound are observed but a 3–4 nm thin amorphous layer covers the
surface of the Si substrate with clusters either lying at its surface [Figures 3.28(a)–(b)] or
encrusted into it [Figure 3.28(c)]. These clusters have different orientations relative to
the Si substrate. Some of them are still in contact with the substrate like in Figure 3.28(c)
which shows a cluster formed at a step of the Si. The interplanar distance measured
from the 2D FFT in Figure 3.28(e) is 3.2 ± 0.3 Å which could correspond to (011)GaN
(3.20 Å), (111)Si (3.14 Å), (21̄1̄0)α−Si3 N4 (3.37 Å), (2̄200)α−Si3 N4 (2.92 Å), (2̄020)β−Si3 N4 (3.30
Å) or (0001)β−Si3 N4 (2.92 Å), but do not correspond to any WZ-GaN interplanar dis-
tance. The interplanar distance measured from the 2D FFT in Figures 3.28(f) and (g) is
2.7 ± 0.2 Å and 2.5 ± 0.2 Å, respectively, corresponding to several GaN interplanar lat-
tice distances mentioned above. Hence, these clusters are most probably GaN and there
are indications that ZB GaN also forms. Note however that the clusters observed here
are about 5 nm wide, which is slightly smaller than the critical diameter for NW nucle-
ation [26]. Therefore we suggest that clusters formed in the ZB structure may dissolve
away during further growth. From these observations, we conclude that the beginning
of the second stage of the nucleation corresponding to the second decrease of the Ga
desorption is accompanied by the amorphization of the silicon nitride interfacial layer
between the underlying Si(001) substrate and the formation of GaN islands.
Concerning the nitridation of Si(001), so far no crystalline α− or β−Si3N4 or other types
of crystalline Si nitrides has been reported. This has been attributed to a lack of proper
match in surface lattice constant and in symmetry [187]. However, first principles cal-
culations predict the formation of uniform Si nitride structure on Si(001) up to a certain
thickness (3–4 layers) limited by the increasing accumulation of local strain that pre-
vents further nitridation [188]. Thus this result supports the instability of the crystalline
SixNy layer observed during the first stage. For multilayer deposition of TiN/Si3N4, the
crystalline to amorphous transition has been experimentally observed when the thick-
ness of Si3N4 increased above a critical value [189]. In addition, metastable phase dia-
gram and thermodynamic calculations on solid solutions of metallic alloys or ternary
nitrides such as TiSiN predicted that a change of the composition could result in the
crystalline to amorphous transition [190, 191]. Lastly, for nano- and polycrystalline
Si3N4 underlying anisotropic strength exceeding a critical value [192] amorphization
was shown to be energetically favorable. Amorphization has also been predicted by
molecular dynamics simulations for α-Si3N4 crystal underlying high local stress [193].
Several experiments showed that the nitridation processes are complex [194] and the
resulting Si nitride depends on many parameters like the orientation of the Si substrate
[194, 195], the nitridation rate and the temperature [188]. For nitridation by plasma
source the processes seem to also strongly depend on temperature [179]. Scanning tun-
neling microscopy (STM) evidenced that radical nitridation occurs already at 350◦C
[196] and preferentially at the steps of Si(001) (2× 1) surface and up to 600◦C a layer-
by-layer growth mode was evidenced [197]. At temperatures higher than 600◦C, nitri-
dation occurs by island growth mode preferentially along the [110] direction [198] and
is suggested to be limited by the surface migration of Si adatoms independently of the
type of reactive species [188]. Moreover, the island size increases with exposure time
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until a continuous and very flat film is formed [198]. Last, the nitridation processes are
always accompanied by detachment and surface migration of Si atoms [197, 198] which
is also thought to induce the pinholes [194].
These results can provide further understanding for our observations. They suggest
that the patches observed by AFM for sample S0p6 correspond to an incomplete nitri-
dation while for sample S0p0 nitridation probably already occurs at a different nitrida-
tion rate and is more regular. Indeed, whereas for sample S0p0 the N shutter remained
closed during the 900 s of Ga exposure, the Si step morphology was drastically changed
and we have evidences from the catalyst-assisted experiment that active nitrogen can
escape under such conditions and react with Si. In addition, the porous morphology
observed by both TEM and AFM are explained by the Si detachment and migration out
of the pores [194] which can lead to the formation of the mounds.
In conclusion of the TEM investigation, Si mounds and pits are detected during the first
stage of the nucleation as well as islands that are most likely GaN. Most importantly,
at this stage the surface is not amorphous and a layer that is attributed to SixNy is
detected between mounds and pits. For the second stage, TEM reveals the presence of
an amorphous layer, also attributed to SixNy, embedding numerous GaN islands. In
addition, GaN islands nucleate on top of the amorphous SixNy layer. The second stage
establishes the final configuration for the NW growth that is always observed for longer
growth duration.
3.3.4 Influence of the temperature and V/III ratio on the nucleation processes
In this section we investigate the influence of the temperature and the Ga- and N-rates
on the nucleation stages indicated in the QMS profile in Figure 3.18. We associate to
each nucleation stage a duration and a net amount of incorporated Ga (t1, A1, t2, A2,
respectively), as previously done in section 3.2.4 for the nucleation of catalyst-assisted
NWs. A detailed RHEED study for these samples was not done but could provide with
more certainty the starting point of the GaN island nucleation during the second stage.
Influence of the temperature on the nucleation processes
Figures 3.29(a) and (b) show the evolution of t1 and t2 as well as A1 and A2 for NW
samples grown on Si(001) and Si(111) at 730◦C, 755◦C, and 780◦C with the nominal
Ga-rate of 0.4 Å/s and N-rate of 2.0 Å/s (samples S0a, S0b, S0c, S1a, S1b, S1c). These
graphs indicate again similar results for Si(001) and Si(111) substrates. The duration of
both the first and the second stage increases with an increase of the growth tempera-
ture. The increase of t2 is close to linear for the range of temperatures investigated in
contrast to the increase of t1 that is larger above 755◦C. The comparison of the amount
of Ga incorporated during the first stage A1 and the second stage A2 with their re-
spective accumulation time indicates no obvious linear behavior. Surprisingly, A1 is
relatively stable. For the nucleation at 730◦C, it amounts to about 8 ± 3 Å for Si(001)
and 7± 3 Å for sample Si(111), which corresponds to 2.7 ML and 3 ML in GaN equiva-
lent thickness, respectively and at 780◦C the value of 7 Å is obtained for both substrates
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with a large uncertainty (up to 21 Å) due to the larger nucleation time. At 755◦C a
somehow reduced value is obtained but still within the measurement uncertainty. In
this case A1 amounts to 5 ± 3 Å and 2 ± 4 Å for nucleation on Si(001) and Si(111),
respectively. In contrast, A2 strongly increases with the temperature but not linearly as
in the case of t2. Hence, there must be a difference in the Ga incorporation mechanism
corresponding the each stage.
The increase in the time duration of both stages can be attributed to an effect of higher
Ga and N desorption and decomposition rates for temperatures higher than 750◦C as
exposed in section 3.2.4. The increasing N desorption with the temperature has also
been evidenced by a comparison of the composition of nitrided Si(111) surface at 700◦C
and 950◦C determined by AES. This study revealed the poorer N-content of the highest
temperature nucleated SixNy polymorph [178]. Last, the total duration of the nucleation
increases with the increase of the growth temperature in agreement with the results of
Calarco et al [24] who reported a nucleation time as long as 60 min for NWs grown on
Si(111) at 785◦C. For sample S1c grown at 780◦C the duration of the nucleation is about
3100± 250 s which is the same order of magnitude. The duration difference could stem
from the temperature calibration but also from a different V/III ratio as discussed next.
Influence of the V/III ratio on the nucleation processes
Figures 3.29(c) and (d) illustrate the evolution of t1 and t2 as well as A1 and A2 in
dependence on the N-rate. These data originate from the growth of samples S0a, S0d
and S0e on Si(001) as well as S1a, S1d and S1e on Si(111) at 730◦C with a N-rate of
2.0 Å/s, 1.1 Å/s and 0.5 Å/s, respectively and with a Ga-rate of 0.4 Å/s. Again similar
Ga incorporation behavior on Si(001) and Si(111) substrates are observed. t1 and t2
decrease with the increase of the N-rate. This decrease is strong close to stoichiometry,
but much less marked for higher N-rate. The amount of incorporated Ga during the
first stage A1 remains stable, around 7 Å except for the smallest N-rate where it amounts
to up to 14± 10 Å which is however still of the same order of magnitude considering the
uncertainty range. This time, the increase of A2 follows closely the increase of t2. This
indicates that the increase of N shortens the duration of the second nucleation stage
without alteration of the Ga-incorporation rate. In other words, N has no influence on
the Ga-incorporation rate during the second stage for the range of N rates investigated.
Last, the dependence on the Ga-rate of t1 and t2 as well as A1 and A2 was also investi-
gated [Figures 3.29(e) and (f)]. To this end, samples S0a, S0f and S0g on Si(001) as well
as S1a, S1f and S1g on Si(111) were grown at 730◦C with a Ga-rate of 0.2 Å/s, 0.4 Å/s
and 0.8 Å/s, respectively, and with a N-rate of 2.0 Å/s. Both substrate orientations pro-
vide comparable results. t1 decreases linearly with the increase of the Ga-rate while A1
remains unchanged (still about 7 Å). In contrast to what has been observed previously
for the N-rate, here t2 decreases while A2 increases with the increase of the Ga-rate.
This shows that the Ga-rate is the limiting factor during the second nucleation stage
as expected under N-rich conditions. In this case, an increase of the Ga-rate not only
shortens the nucleation processes of the second stage but also enhances them.
Interesting enough is that the amount of Ga accumulated during the first stage A1 is
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nearly unchanged for the growth on both Si(001) and Si(111) whatever the temperature
or V/III ratio. It seems that the only parameter that has at least some influence on the Ga
amount accumulated during the first stage is the N-rate although the observed variation
was still within the uncertainty. This could indicate that the first stage is rather limited
by the N-rate than by the Ga-rate in contrast to the second stage where the Ga-rate is the
most probable limiting factor.
3.3.5 Discussion
Figure 3.30 sketches the two nucleation stages we could identify. During the first nu-
cleation stage, the QMS signal already indicates Ga incorporation whereas the RHEED
pattern corresponding to the Si(1×1) reconstruction becomes more and more blurry.
Hence, no evidence for any growing crystalline material is found. On Si(001), AFM in-
dicates a severe roughening of the surface while TEM revealed the presence of a poly-
crystalline layer, most probably SixNy or SixNy intermixed with Ga, as well as the pres-
ence of Si mounds and clusters growing on them. These clusters are most likely GaN.
The second stage starts with the appearance of a pattern of broken rings corresponding
to the transmission through GaN crystals misoriented relatively to the normal of the
surface. At this stage the QMS profile indicates a second decrease to the steady state
of the Ga desorption in agreement with the formation of numerous additional clusters
observed by AFM. TEM evidences the amorphization of the surface and also the ap-
pearance of the clusters. These clusters are of several types: some of them are still in
contact with the Si substrate while others lie on the amorphous layer. The study of
the influence of the temperature, N- and Ga-rate on the Ga desorption profile reveals
that the amount of Ga incorporated during the first stage is relatively stable while dur-
ing the second stage the Ga-rate seems to be the limiting factor as expected for N-rich
conditions.
During the first nucleation stage, the QMS desorption profiles show that nearly the
same amount of Ga adsorbs on Si(001) and Si(111) substrates. Thus, the question arises
what happens to this Ga. AFM images clearly reveal the formation of islands on Si(001)
along with the presence of many pinholes extending through the forming Si-nitride
layer in the Si(001) substrate. These pinholes might act as a capillary tube for Ga atom
condensation similarly to the model introduced by Seo et al. for the growth of GaN
NWs in GaN V-pits on GaN buffer deposited on Si(111) [130, 131]. Such a pit morphol-
ogy surrounding GaN NWs nucleating on AlN buffers was also reported [141] and for
AlN nanotips embedded in pit-like AlN defective matrix [199]. Pits also formed during
the epitaxial growth of self catalysed GaAs NWs on SiOx layers [67] and in the lat-
ter case, Ga droplets present at the GaAs NW tips unambiguously attest that the VLS
mechanism is ruling the growth.
However, as mentioned before the QMS experiments show no Ga desorption following
the growth interruption during the first nucleation stage. At this point, note that the
Si expelled form the pits might similarly to the Si-assisted growth model proposed by
Park et al [126] constitute highly reactive nanometer sized clusters for Ga attachment.
Also Si and Ga form a eutectic already at 29.77◦C [200] but the atomic percentage of Ga
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Figure 3.29: Duration of the nucleation stages and corresponding amount of incorporated Ga as a function
of (a), (b) the growth temperature (Samples S0a, S0b, S0c, S1a, S1b, S1c), (c), (d) the N-rate
(Samples S0a, S0d, S0e, S1a, S1d, S1e) and (e), (f) the Ga-rate (Samples S0a, S0f, S0g, S1a, S1f,
S1g). The open squares correspond to Si(001), the solid ones to Si(111). The straight lines are
guides to the eye.
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Figure 3.30: Model for the nucleation of GaN NWs on Si. During stage 1, Si-nitride is polycrystalline and
GaN clusters nucleate epitaxially with the underlying material, Si or Si-nitride. Phase 2 starts
with the amorphization of the Si-nitride and subsequent nucleation of new clusters free of the
substrate epitaxial constraint on this different surface
at the eutectic temperature is larger than 99 % which is highly unprobable. In addition,
Ga droplets were never observed at the tips of GaN NWs and VLS has been refuted.
TEM observation reveals the presence of a different interference contrast within these
pinholes. This most probably indicates the formation of another structure than Si which
could also be GaN. There are two possible reasons for the preferential nucleation of
GaN in the pits. First Ga condensates there as discussed above, and the excess of N
leads to GaN formation. Thermodynamic calculations [201] have indeed shown that the
nucleation of a critical nucleus in a such pit would occur faster than on the flat substrate
and that the following growth would also be accelerated due to a more efficient capture
of adatoms. Second, the pinhole side-facets might act as preferential site for GaN island
nucleation related to a difference in surface energy of the Si facets. Selective nucleation
of GaN deposited by MOVPE has already been evidenced on Si(111) facets fabricated
on Si(001) [202].
The previous QMS and RHEED studies reveal very few differences during the nucle-
ation either on Si(111) or on Si(001). This suggests that the nucleation mechanisms
should not be fundamentally different. The formation of the pits observed on Si(001)
during the first stage is indeed characteristic for the nitridation processes on both-
Si(001) and Si(111) for the range of temperatures investigated. Several STM studies on
the nitridation of Si(111) also revealed the presence of etch pits which can be as deep as
1.5 nm [187]. The position of these pits is either within the flat Si terraces or at the step
edges and their size and shape are strongly dependent on the temperature [187, 203].
These pits are formed by surface etching related to N exposure and local removal of the
top Si layer. Several suggestions have been made concerning the mechanism behind
their formation, being either a channel for pumping bulk Si atoms from the substrate
to the surface for outer formation of SixNy [204] or a way to relieve strain [205]. SixNy
has been observed to nucleate at the vicinity of these pits leaving the Si(111) 7×7 recon-
struction visible at their bottom [203]. The size of the pits increases with the nitridation
temperature and partial nitridation of the pit bottom have also been observed at 800◦C
[203]. Therefore the material observed inside the pit revealed by TEM investigation
could also be SixNy. A deeper TEM investigation is required to confirm the nature of
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this material.
Concerning the structural properties of the SixNy formed during the first stage, TEM
observation reveals that the layer formed on the Si(001) surface is highly defective but
crystalline. As explained earlier, this is surprising because the nitridation of Si(001) has
been reported to gradually destroy the initial order leading to amorphous material [187]
SixNy. In contrast, the nitridation of Si(111) can lead to polycrystalline Si3N4 [172, 203]
owing to a domain matching epitaxy of 1:2 for Si(111) (7×7) and Si3N4 evidenced by
RHEED measurement [172]. The quality of the Si3N4 layer formed depends strongly
on the nitridation temperature [178, 203]. Thus, the at-least polycrystallinity of the
SixNy on both Si(001) and Si(111) evidences that GaN formed during this stage must be
epitaxial whatever the nucleation site, in the observed pinholes, on top of crystalline Si
or on polycrystalline Si-nitride. Unfortunately, the TEM analysis does not allow to draw
any clear conclusion, the only cluster observed by cross-sectional TEM was located
on a Si mound but no GaN wetting layer was found. In any case, these observations
account for the often reported preservation of the epitaxial relation of the NWs with the
substrate [22, 181, 206]. Therefore, the clusters might be subjected to a strong strain due
to the large lattice mismatch between Si, GaN and SixNy. Thus, during the first stage,
nitridation of Si occurs and leads to the formation of an unstable polycrystalline SixNy
surrounding Si mounds and pits which possibly constitute preferential nucleation site
for GaN. Therefore GaN formed during in the first stage should grow epitaxially.
The second stage identified is the amorphization of the SixNy layer on Si(001) accom-
panied by the subsequent increase of Ga incorporation to the steady state. This amor-
phization process occurs after GaN epitaxy has already set in as also suggested by Raw-
danowicz et al. [182] during the growth of domain matching epitaxial GaN on Si(111)
by laser-MBE. Amorphization of crystalline SixNy on Si has not been experimentally
observed to our knowledge, but simulations have been developed and showed that
strain could induce such a transformation [192, 193]. The second increase of Ga incor-
poration is simultaneous to the nucleation of numerous new clusters revealed by AFM.
This result is in agreement with the observation of Calarco et al [24] and Furtmayr et al
[137] of a sudden increase in the NW density at the beginning of the nucleation. TEM
shows at this stage different kinds of clusters. Some of them grow epitaxially on the
underlying Si substrate or are embedded in the amorphous Si-nitride layer. Those have
most probably nucleated during the first stage. Others lie on the top of the Si-nitride
layer which could indicate that they have formed during the second nucleation stage.
Similarly, Ploog et al. [175] concluded on two different parallel paths for GaN growth
on Si(001). According to these authors, cubic GaN forms with an epitaxial relationship
on the bare Si(001) surface, but complete coverage is inhibited by the simultaneous
formation of amorphous Si-nitride. Thus, GaN condensing on top of it does not experi-
ence any epitaxial constraint from the substrate and adopts the hexagonal modification
with random in-plane orientation. Both nucleation paths have also been confirmed by
the compared growth of GaN nanorods on low-temperature GaN templates deposited
on clean and on covered by native oxide Si(001) substrates [207]. Growth on both sub-
strate types resulted in nanorods elongated along the [0001] direction without apparent
in-plane orientation. However on the clean Si(001) the nanorods were observed inho-
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mogeneously tilted and ZB GaN also formed at the interface GaN/SixNy. Thus it was
concluded that initially GaN growth on Si(001) proceeds under inhomogeneous condi-
tions with N reacting not only with Ga but also with Si. This process lead to mixture
regions of polycrystalline SixNy and GaN. In agreement with ref. [175, 207], our results
also revealed those two nucleation paths, but the amorphization occurs after growth
of GaN has started. The growth following the amorphization leads to the columnar
structure of hexagonal GaN. Note that a few ZB GaN islands might also have nucle-
ated during the first nucleation stage, but the ZB phase is metastable and so far, no
ZB phase have been reported for GaN NWs grown by MBE. Therefore we suggest that
those islands might dissolve away.
Few models [22–24, 26, 130, 137] have already been developed for the catalyst-free
growth of GaN NWs by MBE as mentioned at the beginning of this chapter. How-
ever, none of them describes the formation or the amorphization process of the silicon
nitride layer that is always found at the interface between the Si substrate and the NWs.
In any case, the processes leading to the formation of these NWs are independent of the
formation of this interfacial amorphous layer since other experiments performed on
thick GaN or AlN buffer layers [66, 141, 208] produce as efficiently GaN NWs. How-
ever, during the nucleation on Si, the amorphization of the Si nitride interface probably
strongly conditions the structural and physical characteristics of the NWs. This sug-
gests that the nitridation is beneficial to the NW crystal quality and orientation when
an homogeneous layer can be obtained since the clusters nucleating directly on the Si
substrate are rather misoriented as observed in section 3.3.3 and are subject to high
misfit strain [26, 137].
Finally, several open questions remain. For example, further studies are necessary to
explain why nearly the same amount of Ga incorporated before amorphization has
been evidenced under different growth conditions of substrate surface, temperature
and N-rate, particularly if the topography of the Si-nitride changes with these param-
eters. The second concern lies in the origin of the transient of Ga-desorption occurring
between the two decreases in the QMS profiles. A possible explanation stems from the
already formed islands that are subjected to a large lattice mismatch. For strained is-
lands it has been calculated that the strain energy distribution is concentrated at the
island edges [209–211] and constitutes a barrier for adatoms attachment. Therefore,
during growth the newly deposited atoms diffuse away from the larger islands and
desorb or nucleate new islands which would then grow faster than the older ones. To
this effect was also attributed an increased Ga desorption observed by Koblmüller et al
[36] during the nucleation of GaN islands on top of AlN. However, keeping in mind
that not only the islands are strained, the strain field below and surrounding these is-
lands in the substrate and the polycrystalline Si-nitride interlayer may inhibit further
islands to nucleate in the vicinity of the existing ones causing long range repulsive in-
teraction [212, 213]. Therefore, once the SixNy amorphization sets in, the cause for the
inhibition of new island growth is suppressed. Thus, it is not surprising to observe
the nucleation of new islands at the beginning of the second nucleation stage marked
by the second decrease of the Ga-desorption. At this stage these new islands nucleate
under completely different epitaxial conditions: there is no epitaxial constraint of the
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substrate anymore.
In conclusion, the catalyst-free NW nucleation also occurs through several stages and
we could identify two of them. During the first stage, competition for nucleation be-
tween polycrystalline SixNy and GaN islands occurs. The GaN islands are in the WZ
phase although the ZB phase may also appear. The second stage starts with the amor-
phization of the SixNy and is immediately followed by an intensive nucleation of new
GaN islands with the WZ structure which is attributed to the suppression of the epi-
taxial constraint of the substrate. This process yields two kinds of NWs. NWs that first
nucleate grow epitaxially with the underlying substrate and may therefore have the
WZ or the ZB structure which dissolves away. NW nucleation during the second stage
occurs with a loss of proper epitaxy and the in-plane orientation may be suppressed
while the perpendicular orientation to the substrate depends on the homogeneity of the
underlying amorphous SixNy layer [26, 137]. This result is also supported by the for-
mation of vertically aligned NWs grown on amorphous SiOx [26]. Since the nitridation
processes strongly depend on temperature and substrate orientation, it is important to
note that the model proposed here corresponds to nucleation at 730◦C. Particularly on
Si(111) substrates, an increase of nitridation temperature should lead to an improve-
ment of the SixNy quality [178, 203] and for instance at 900◦C, epitaxial β-Si3N4 can be
obtained [172] leading to epitaxial NW growth on such a layer [206].
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Figure 3.31: Ga desorption rate measured by QMS for the 3rd stage of the nucleation of catalyst-assisted
GaN NWs on Al2O3 (dot) and the 2nd stage of the nucleation of catalyst-free GaN NWs on
Si(001) (solid) and on Si(111) (dash) (a) at 730◦C (samples A0a, S0a, S1a) and (b) at 780◦C
(samples A0c, S0c, S1c). The time scale has been shifted relatively to the opening of the Ga
and N shutters in order to adjust to the beginning of the third stage for the catalyst-assisted
growth and to the second stage for the catalyst-free growth.
3.4 Comparison of the approaches
As seen in the previous sections completely different mechanisms occur during the NW
nucleation in the framework of both approaches. For the catalyst-assisted growth pro-
cess, nucleation occurs preferentially at Ni islands deposited on sapphire substrates.
For this method of growth, we were able to determine three different nucleation stages
for the growth at 730◦C. First the incorporation of Ga into the Ni occurs. A second
stage observed for the growth at 730◦C involves the transformation of the seed crystal
structure that is directly related to Ga accumulation. Lastly, the third stage starts with
the nucleation of GaN under the seed which causes the decrease of the Ga desorption
signal to the steady state where all the Ga is incorporated. In this case, the whole NW
nucleation process is based on the preferential incorporation of Ga but not N inside the
catalyst as evidenced by this in-situ investigation. In comparison, for the catalyst-free
approach nucleation is roughly divided in two main stages. In the first one, prefer-
ential reaction of N with the substrate occurs leading to roughening of the surface by
formation of pits and Si mounds. At this stage a pre-incorporation of Ga occurs and
few islands forms. During the second stage, the massive nucleation of WZ GaN is-
lands acting as a sink for NW growth in the catalyst-free approach [26] results from the
amorphization of the SixNy layer.
Hence, in both cases an intense nucleation of GaN leading to the NW formation occurs
during the last stage and we can compare the corresponding nucleation rates by com-
paring the QMS desorption profiles at the beginning of the 3rd stage for the catalyst-
assisted growth and at the beginning of the 2nd stage for the catalyst-free growth. Fig-
ure 3.31(a) presents the Ga desorption profiles of samples A0a, S0a and S1a during the
nucleation of GaN at 730◦C. The nucleation duration of GaN is comparable for both
approaches. However, the amount of Ga desorbed during GaN nucleation is strongly
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reduced for the catalyst-assisted approach in comparison to the catalyst-free approach
leading to an incorporated amount of Ga two times larger.
In addition, for both approaches as seen in sections 3.2.4 and 3.3.4, the rise of the sub-
strate temperature increases the nucleation duration of these stages. At 780◦C [Figure
3.31(b)] again, much less Ga desorbs during the GaN nucleation stage of the catalyst-
assisted approach than during the one of the catalyst-free approach and the GaN nu-
cleation is completed more than 4 times earlier than for the catalyst-free growth. This
result indicates that the Ga is still more efficiently captured by the Ni seeds than by
the forming GaN clusters. Therefore this result suggests that the catalyst-assisted NWs
grow faster than the catalyst-free ones, as will be further investigated in chapter 4.
3.5 Summary
In-situ monitoring by QMS and RHEED of the nucleation of GaN NWs in the frame-
work of the catalyst-assisted and catalyst-free approach enabled the detection of dif-
ferent stages. For the catalyst-assisted approach, three stages were identified as follows.
The first stage corresponds to Ga incorporation into the Ni seed. The second stage is
the transformation of the crystal structure of the seed directly attributed to Ga incorpo-
ration. The third stage is the nucleation of WZ GaN under the Ni seeds. In this case
the process limiting the growth is concluded to be GaN nucleation. The observation of
a RHEED pattern generated by the Ni-Ga seeds during the whole nucleation strongly
indicates that nucleation and further growth occurs by the VSS growth mechanism.
For the catalyst-free approach, two stages were revealed. The first one is the compe-
tition for nucleation between polycrystalline SixNy and GaN islands, and in this case
a strong reaction of N with the substrate occurs leading to appearance of pits and Si
mounds. Few GaN islands that nucleate during this stage are in the WZ phase but un-
stable ZB islands might also have formed. The second stage starts with the amorphiza-
tion of the SixNy and is accompanied by an intensive nucleation of new GaN islands
with the WZ structure which is attributed to the suppression of the substrate epitax-
ial constraint. Finally, an increase of the nucleation temperature raises the duration of
these stages but for the catalyst-assisted approach GaN nucleation still occurs at least
four times faster the for the catalyst-free approach.
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In this chapter the focus is brought on the material properties and the growth mech-
anism of GaN NWs in the framework of the catalyst-assisted and catalyst-free ap-
proaches. After nucleation, the situation as GaN growth continues is very different
for both these approaches. The different substrate surfaces surrounding the GaN nuclei
most probably lead to different atom diffusivity. Also, in the catalyst assisted approach,
the collection of solely Ga atoms by the catalyst implies local change in the V/III ratio
that can further a induce significant change in the local diffusivity [101] and in the NW
morphology [27], whereas the presence of the Ni-Ga catalyst particles at the growth
front may induce a different GaN crystal phase to form [123]. Last, the use of a catalyst
raises concerns over contamination of the NWs by the seed material and deterioration
of their properties in comparison to the catalyst-free NWs. Thus, an assessment of the
respective advantages and drawbacks of both approaches is crucial for further appli-
cations. The growth windows, temperature and V/III ratio, are very similar in both
cases [17, 19, 21, 66], so that the direct comparison of the properties and growth mech-
anisms of the NWs grown through each pathway under otherwise identical conditions
is enabled and presented in the following. At first, the different growth models con-
cerning GaN NWs grown by MBE in the framework of both approaches are reviewed.
Then, the respective morphology and the structural properties of both types of NWs
are compared and the effect of the V/III ratio and temperature on the NW morphology
is studied. Also, the luminescence properties of the NWs in dependence on the growth
temperature are investigated. Finally, the discussion is focused on the main three di-
vergent aspects of these approaches that are the crystal quality, the growth mechanism,
and the optoelectronic properties. The growth parameters of the samples discussed in
this chapter are indicated in Table 1 in appendix 5.2.
4.1 GaN NW growth studies in MBE
4.1.1 Catalyst-assisted GaN NW growth
The growth of catalyst-assisted GaN NWs by MBE has not been much investigated
in comparison to the catalyst-free one. Mamutin et al [18] first reported VLS growth
of GaN and InN whiskers on GaAs and Al2O3 substrates. In the case of GaN a low
temperature GaN buffer was first deposited [214] and VLS growth was suggested to
occur from Ga droplets. Droplets are also observable at the tip of the whiskers in ref.
[18] but it is not mentioned how they formed. More recently, our group employed Ni
as an external catalyst on C-plane sapphire substrate and found that the axial growth
is governed by the preferential accumulation of Ga atoms in the seed particles over N
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leading to Ga-rich conditions inside the seed. In agreement with this model, we found
that the NW growth rate was limited by the N-rate [19].
4.1.2 Catalyst-free GaN NW growth
At the end of the 1990’s, the group of Kishino [16] reported the growth of GaN NWs
on AlN buffer deposited on sapphire almost simultaneously to Grandjean et al [215]
who observed the formation of catalyst-free GaN "crystallites" by gas-source MBE on
nitrided sapphire substrate. These results were shortly followed by the synthesis of
GaN NWs directly on Si(111) by the group of Calleja [17]. Since then, catalyst-free NW
growth has been the subject of intense investigation, leading to the demonstration in
2004 of the first GaN-InGaN NW green-to-red LED [216] by MBE and in 2008 of the
first GaN-AlGaN NW UV-LED [217].
Essentially, several equivalent explanations have been brought to justify the preferen-
tial growth in the Ga-polar direction generally observed [137, 218]. Their crucial point
is that the atoms incorporated at the NW tip stem not only from direct impingement but
also from sidewall diffusion, as in the VLS model. Bertness et al. [140] suggested that
the contribution of atoms diffusing on the NW side-facets was the determining factor
of the NW morphology. Debnath et al.[25] further showed that the NW length de-
creases inversely with their diameter due to strong adatom diffusion on the GaN NWs
lateral surface toward the tip. This model led to an underestimated adatom diffusion
length of 40 nm at 800◦C while Ishizawa et al. [219] reported a diffusion length from
patterned growth experiments over 300 nm on nitrided Si at 900◦C. More specifically,
Bertness et al.[27] proposed that the driving force for the self-induced growth of GaN
NWs is a difference in the sticking coefficients of group III atoms on the NW tip and
side-facets and the enhanced surface diffusion of group III atoms along the non-polar
NW side-facets as compared to the polar one. A similar explanation based on differ-
ent growth rates for the various facets was also suggested by Stoica et al.[26]. Ristic et
al.[22] argued in addition that the number of dangling bonds and the surface energy
are higher for C-plane facets than for A- and M-plane ones which leads to faster growth
in the C-direction. These models are supported by recent first principles calculations of
the surface thermodynamics and adatom kinetics [220] showing that there is a strong
in-plane anisotropy of the diffusion barriers on nonpolar GaN surfaces for Ga adatoms
and that these are intrinsically unstable against atomic N.
However, to fully complete the model, the comparison of growth rate and stability
of the two polar facets must also be considered. For GaN NWs grown on sapphire,
Araki et al. [41] assumed that the presence of inversion domains in the low tempera-
ture buffer layer would lead to the formation of Ga-polar NWs whose growth rate was
thought to be enhanced compared to N-polar GaN. Indeed a faster growth rate of Ga-
polar GaN had been reported earlier by Romano et al. [221] for the growth of planar
layer under N-excess. Since then, this difference in growth rate between the two po-
lar directions was also ascertained by Rouvière et al. who reported that GaN quantum
dots formed on non-polar [101̄0] AlN grow also faster in the Ga-polar direction [222].
Moreover, the diffusion barrier of Ga ad-atoms on Ga-polar plane has been calculated
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to be higher than on N-polar plane [101] under N-excess. Such a difference between
the polarity of GaN NWs and the surrounding compact layer was also later confirmed
[218, 223]. In addition, on the basis of first-principles calculations N-terminated Ga-
polar GaN surfaces were found stable under N-excess but not the N-polar ones [224].
Last, experiments confirmed that the Ga-polar GaN surface is more stable against N-
plasma exposure than the N-polar one [225] and this was suggested to be the cause of
NW formation directly from the decomposition at 800◦C of mixed polarity MBE grown
GaN films placed in a tube furnace [226]. Finally, Foxon et al. [28] recently proposed a
complementary model to consider the geometry of growing NWs exposed to tilted im-
pinging atom fluxes. In this model, the lateral facets of the NWs exposed intermittently
to the source fluxes grow by migration-enhanced epitaxy while growth on the top NW
surface corresponds to the classical MBE process. This model was found to account for
very flat lateral facets and an enhanced axial growth relative to the lateral one of a factor
of 5–6 depending only on the tilt of the sources. However, this model is incomplete. It
neglects the adatom diffusion and could not explain the bimodal morphology [218] in
which Ga-polar NWs grow faster than N-polar ones and have a much larger axial to lat-
eral growth rate ratio [24, 25]. Note that similarly, a more sophisticated model has been
developed to explain not only the self-assembly but also the nucleation of 3D structures
by shadowing effect [227] at oblique angle deposition for thin film formed by physical
vapor deposition. This model showed that column width changed with column length
according to a power law whose exponent depends on the surface diffusion and shad-
owing. In any case the obtained dependence would imply that thicker columns grow
faster than thinner ones, in agreement with data extracted from TEM measurement on
GaN NWs marked with AlN during the growth on AlN buffer [135]. This is however
in contradiction with the result of Debnath et al.[25]. Interestingly, for the growth on
AlN buffer a similar limitation by the supplied N-flux as the one found for the cata-
lyst assisted approach has also been reported [23, 28]. Thus, several models account
for the growth of catalyst-free GaN NWs in the Ga-polar direction but processes lim-
iting the NW growth rate are still under debate. Apparently, for both approaches, the
catalyst-assisted as well as the catalyst-free one, the N-rate could be the factor limiting
the vertical growth kinetics as will be further investigated in this chapter.
4.2 Morphology
The morphology of catalyst-induced NWs grown on C-plane sapphire [sample A0a,
Figure 4.1(a)], catalyst-free NWs grown on Si(111) and Si(001) (sample S1a and S0a,
Figure 4.1(b) and 4.1(c), respectively) is presented in Figure 4.1.
For comparison, sample A0I has been grown on bare sapphire substrate, whereas sam-
ples S0I and S1I correspond to the growth on Si(001) and Si(111) covered by a 4Å thin
Ni layer. In this case, the Ni layer was deposited in situ after the cleaning procedure
consisting in a simple HF dip, subsequent loading into the chamber for MBE and ox-
ide desorption step as describe in chapter 2. Those samples were all grown at 730◦C
with a N-, and Ga-rate of 2.0 and 0.4 Å/s, respectively. Moreover, the duration of GaN
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Figure 4.1: SEM images acquired at an angle of 90◦ (top) and 45◦ (bottom) to the surface normal of (a) Ni-
induced GaN NWs on sapphire (Sample A0a) and (b) and (c) self-induced GaN NWs grown
on Si(111) and on Si(001) (Sample S1a and S0a respectively). Scale bar corresponds to 1 µm.
deposition was the same (76 min) for each of these experiments, and corresponds to a
compact layer with a nominal thickness of 180 nm if no NW growth had occurred. In
addition, sample A0V has been grown under Ga-rich condition on a sapphire substrate
covered by a 3 Å-thin layer of nickel annealed in-situ at 750◦C for 15 minutes. The mor-
phology of samples A0I, A0V, S1I and S0I is illustrated in Figures 4.2(a), 4.2(b), 4.2(c)
and 4.2(d). Samples A0a, S1a, S0a, S1I and S0I were entirely covered by NWs oriented
perpendicularly to the substrate and their morphology is further described in detail in
the following subsections.
4.2.1 Catalyst-assisted growth
On sapphire substrates the NWs form only under N-rich conditions and only in the
presence of Ni seeds. The diameter of these NWs grown in the presence of the Ni-
particles under N-excess amounts to 35 ± 20 nm and their length to 880 ± 140 nm,
which is almost 5 times larger than the nominal thickness. However, this length is
not completely homogeneous since few shorter columns also grew between the long
ones. The NW density measured from SEM images is 1.1 × 1010 NWs/cm2. The NWs
exhibit a hexagonal cross-section [Figure 4.3(a)]. However, changes in the NW shape
and facets are observed for experiments identical to A0a but with longer duration as
seen in Figure 4.3(b). This possibly indicates a rotation of the NW structure or a change
of NW facet planes. Both growth under N-rich conditions directly on a bare sapphire
substrate [Figure 4.2(a)] and growth under Ga-rich conditions in the presence of Ni-
seed particles [Figure 4.2(b)] resulted in planar layers which underlines the crucial role
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Figure 4.2: SEM images acquired at an angle of 90◦ (top) and 45◦ (bottom) to the surface normal of (a)
GaN layer grown under N-excess on bare sapphire (sample A0I), (b) GaN layer grown under
excess Ga on Ni-covered sapphire (sample A0V) and (c) and (d) Si(111) and Si(001) covered by
Ni (samples S1I and S0I respectively). Scale bar corresponds to 1 µm.
of the Ni islands V/III ratio for the NW formation.
4.2.2 Catalyst-free growth
In contrast, on Si substrates of both orientations, the NWs grow without any catalyst,
but also only under N-rich conditions [Figures 4.1(b) and 4.1(c)]. Neither the substrate
orientation nor the presence of Ni particles [Figures 4.2(c) and 4.2(d)] influences the
morphology of the catalyst-free NWs. On samples S1a and S0a, the diameters of the
NWs are spread over the range of 50 ± 35 nm and their average length is shorter than
the average length of the NWs induced by the Ni seeds on sapphire. The majority of
the NWs are 380± 90 nm long, which is about twice the nominal thickness. The length
of these NWs is comparable to the one of the shorter thick columns grown on sapphire.
Figure 4.3: SEM images of a Ni-induced GaN NWs. (a) Top view showing the hexagonal cross-section
of a NW grown for 76 min. (b) Harvested NW grown for 180 min showing twist of the facet
orientation during growth.
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Figure 4.4: GaN coverage measured by RBS and converted into equivalent film thickness of samples A0a
(Ni coated Al2O3 substrate), S1a (Si(111) substrate), S0a (Si(001) substrate) and A0I (bare Al2O3
substrate).
Very few longer NWs protrude from this shorter NW base and their length extends to
770 nm, which is more than four times the nominal thickness but still somewhat shorter
than the length of GaN NWs grown through the catalyst approach. This dispersion
in diameter and length has been attributed to the coalescence of short columns and
enhanced growth of thinner ones through a diffusion induced growth mechanism [25,
136]. The catalyst-free NW density is 0.8 x 1010 NWs/cm2 and 0.9 x 1010 NWs/cm2 on
Si(111) and on Si(001). These values are in agreement with reference [24] for growth
time exceeding the nucleation time, when the occurring coalescence of short columns
reduces the NW density.
4.2.3 Comparison of GaN thicknesses
The SEM images in Figure 4.1 show that under identical growth condition a very dif-
ferent morphologies and apparent growth rates can be obtained, depending on the
substrate surface and on the presence/absence of a catalyst. This raises the question
whether the total amount of GaN varies as well. Hence samples A0a, S1a, S0a and
A0I (planar GaN on sapphire) were characterized by RBS to get a precise compari-
son of their GaN coverage. The results are presented in Figure 4.4 and show that the
amount of GaN averaged over an area of 2 mm diameter is almost the same for all of
these samples, although different morphologies were obtained. Also, the GaN cover-
age measured by RBS is in agreement with the nominal thickness. The GaN coverage of
the NW-free sample A0I is slightly smaller than those of the other samples. However,
the difference is within the experimental uncertainty, except for the comparison with
A0a, and in any case much smaller than the absolute coverage. Thus, the amount of
deposited GaN is independent of the morphology and the growth mode.
86
4.3 Structural properties
Figure 4.5: (a) RHEED patterns of Ni induced GaN NWs along the [112̄0]GaN (top) and [101̄0]GaN (bottom)
azimuths.(b) SAED pattern along [112̄0]GaN and (c) CBED images of the corresponding sample.
Left is the experimental image and right the corresponding simulation.
4.3 Structural properties
The vertical orientation of the NWs suggests epitaxial growth. Thus, in order to probe
the epitaxy of the NWs following both pathways, we first gathered information on the
crystal structure by RHEED images acquired at the end of each growth experiment.
However, in order to get more specific information on the crystal quality of the NWs
we complemented this study by conventional TEM analysis.
4.3.1 Catalyst-assisted growth
The RHEED images acquired at the end of the growth [Figure 4.5(a)] exhibit a spotty
pattern as expected for surfaces covered by narrow 3D clusters, and the well defined
spots correspond to the WZ GaN structure observed in transmission through the NW
crystal [139]. The data confirm that the NWs grow along the C-axis and perpendicu-
larly to the substrate. The patterns corresponding to the [101̄0]GaN and [112̄0]GaN az-
imuths clearly alternate every 30◦ when the sample is rotated around the [0001] direc-
tion, which is a sign for good in-plane orientation. This orientation is as for planar GaN
growth on C-plane sapphire substrates:
(0001)GaN ‖ (0001)Al2O3 and [112̄0]GaN ‖ [101̄0]Al2O3 .
The epitaxial orientation further investigated by SAED on a similar sample as A0a pro-
vides the pattern seen in Figure 4.5(b). The latter confirms the single crystalline na-
ture and WZ structure of the GaN NWs, as well as the epitaxial relation determined
by RHEED. The [0001] growth direction of the NWs is further specified by the CBED
results depicted in [Figure 4.5(c)]. The comparison of experimental and simulated im-
ages indicates that the NWs yielded by this method are Ga-polar. This result is no-
ticeable since it is usually reported that GaN layers exhibit N-polarity when grown by
MBE on sapphire [224]. Actually, this aspect is more complex. Indeed Yoshikawa et al.
showed that mixed Ga and N polarities can also appear on thermally cleaned sapphire
substrates, and that the N polarity prevails by intensive nitridation of the substrate
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Figure 4.6: (a) HRTEM image of the interface between the GaN NWs and the sapphire seen along the
[101̄0]GaN direction.(b) TEM image of NW tips. The SFs are identified by the black striation. (c)
HRTEM image of a NW tip seen along the [112̄0]GaN direction. The white lines point to SFs.
before growth [228]. However, the opposite effect of the nitridation process was also
observed [229]. Thus, the Ga polarity of these NWs cannot be directly related to the Ni
seeds protecting the underneath sapphire surface from nitridation.
XTEM gives further information on the structural quality of the catalyst-induced NWs
(Figure 4.6). The interface between GaN NW and sapphire substrate shown in Figure
4.6(a) is sharp, and there is no interfacial layer. However, the (0001)GaN planes are
slightly tilted relative to the (0001)Al2O3 planes, which is also supported by the slightly
arc shaped reflections of GaN in the SAED pattern in Figure 4.5(b). Fairly many basal
SFs are detected in most of these GaN NWs but no other extended defects. The SFs run
parallel to the (0001) plane through the whole NW diameter and apparently form with a
random distribution along the NW axis. A detailed investigation reveals their I1 nature
[230]. Their density was estimated to be 2×106/cm. Very importantly, observation
of the Ni compound particles of 5-20 nm in diameter at the NW tips brings out the
confirmation that the NWs grow on sapphire by a VLS or VSS mechanism. Similarly to
the first nucleation stage (see section 3.2.3), the fcc or the L12 structure was revealed by
post-growth HRTEM (Figure 4.7) corresponding either to Ni or to the phase α′ Ni3Ga,
respectively. This result further supports the reversed phase transformation mechanism
from the bcc NiGa phase to the fcc-like phase by Ga purge after growth completion.
88
4.3 Structural properties
Figure 4.7: Zoom on the Ni-Ga particle area seen on the HRTEM image in Figure 4.6 and right the corre-
sponding 2D-FFT revealing the fcc-like phase of the Ni-Ga particle.
Figure 4.8: (a) RHEED patterns of self induced GaN NWs grown on Si(111) along the [112̄0] (top) and
[101̄0] (bottom) azimuths. (b) Self induced GaN NWs grown on Si(001) produce the same
patterns in both azimuths (top) which is comparable with the bottom pattern resulting from
the sum of patterns seen in a.
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4.3.2 Catalyst-free growth
Similarly to the catalyst-assisted growth, the RHEED patterns produced by the catalyst-
free GaN NWs correspond to the hexagonal WZ structure of GaN. However, the spots
appear as broken rings [Figures 4.8(a),(b)] as reported in [231] which indicates a slight
misorientation of the NWs with respect to the Si substrate normal. For the growth on
Si(111) the patterns in both azimuths [Figure 4.8(a)] are different but weak additional
spots appear in the azimuth [101̄0]. In contrast, the pattern acquired on Si(001) [Figure
4.8(b)] was the same in both azimuths. This pattern contains additional spots com-
pared to the [112̄0] pattern obtained on Si(111). This is due to the superposition of the
patterns of both azimuths [112̄0] and [101̄0] which indicates several in-plane orienta-
tions of the GaN-NWs relative to the Si(100) substrate. This feature is further illus-
trated by the bottom pattern in Figure 4.8(b) which was obtained by adding the top
and bottom ones in [Figure 4.8(a)] with an image processing software. The reflexes of
the yielded pattern are identifiable to the ones of the real pattern obtained for growth
on Si(001) seen on top of Figure 4.8(b). Bertness et al. already observed two equivalent
in-plane orientations of the GaN NWs grown on a 30 to 120 nm thick AlN buffer layer
deposited on Si(001) by x-ray diffraction (XRD). This has been attributed to the two
possible alignments of < 101̄0 >GaN along the < 100 >Si azimuthal directions [27]. For
growth on Si(111), they also reported the same phenomenon but the in-plane orienta-
tion < 112̄0 >GaN‖< 11̄0 >Si was significantly dominant. Largeau et al. also studied
the in-plane orientation of GaN NWs grown on Si(111) with a nitrided Al intermediate
layer equivalent to 8 MLs of AlN [232]. However, they found that the main orientation
was < 101̄0 >GaN‖< 11̄0 >Si and becomes prevalent with additional growth of 8 ML
AlN on the intermediate layer. Last, Nakada et al. [178] studied the effect of Si(111)
nitridation prior to the growth of GaN. They obtained the same dominant orientation
as Bertness et al with or without nitridation, although an amorphous layer of silicon
nitride formed between Si(111) and GaN. They suggested that GaN can grow by taking
the epitaxial relationship of the Si(111) substrate if the orientation of the latter is trans-
ferred to the GaN layer by crystalline portions of silicon nitride, or if a short range order
in the tetrahedral coordination of each atom is maintained. In our case, the RHEED pat-
terns indicate the dominance of the < 112̄0 >GaN‖< 11̄0 >Si in-plane orientation for
growth on Si(111) without any AlN layer in agreement with the results of Bertness et al.
and with Nakada et al..
In comparison to the RHEED patterns, the ones obtained by SAED [Figure 4.9(a)] also
confirm that the GaN NWs are single crystalline, have the WZ structure and grow in the
[0001] direction. The CBED results in [Figure 4.9(b)] achieved on GaN NWs grown on
Si(111) indicates that these NWs are also Ga-polar in agreement with previous reports
[137, 218] pointing out the Ga polarity of long NWs embedded in an N-polar GaN
matrix. However, on both types of Si substrates only one in-plane orientation was
found, presumably due to the small area investigated with the beam. The in-plane
orientation found on Si(111) is the same as the main one observed by RHEED.
In addition, the SAED patterns also show that the NWs grown on Si(111) and Si(001)
substrates exhibit up to 10◦ misorientation relative to the (111) and (001) axis, respec-
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Figure 4.9: (a) and (b) SAED patterns of the GaN NWs grown on Si(111) and Si(001), respectively. (c)
CBED images of GaN NW grown on Si(111). Left is the experimental image and right the
corresponding simulation.
tively. This misorientation is attributed to the thin amorphous layer of Si1xNy formed
before or during the nucleation of the NWs 3, [134]. This interfacial SixNy layer be-
tween NW and substrate of any orientation is also clearly seen in Figures 4.10(a) and
4.10(b). However, this layer is not always completely amorphous as can be seen in
Figure 4.10(b) and (d). Ristić et al. conclude therefore that it rather forms after the
nucleation [21]. The study in chapter 3 also reveals that some NWs nucleate before
these interfacial layer becomes amorphous which can explain the strong tilt of the NWs
observed in Figure 4.10(b). This can therefore also account for the observation of the
peculiar in-plane orientation of the NWs.
Furthermore the good crystal quality of these NWs almost free of any stacking faults
[Figures 4.10(e) and 4.10(f)] is confirmed by TEM. The tips of the NWs are flat and
free of any particle [Figure 4.10(g)]. This result does not support the speculation that
these NWs grow by a VLS-like mechanism induced by Ga-droplets, as also previously
rejected [27, 133, 134].
In the particular experiments S0I, S1I, VLS-like NW growth could not be induced nei-
ther by the deposition of Ni on Si substrates before GaN growth. SEM investigation of
sample S1I revealed elongated islands on the Si(111) surface that hinder the growth of
NWs [Figures 4.11(a) and 4.11(b)]. These islands have also been observed on XTEM
images [Figures 4.11(c), 4.11(d) and 4.11(e)] and their elemental distribution as investi-
gated by x-ray mapping is a Ni-Si mixture. Indeed the formation of Ni2Si starts already
at around 200◦C and the one of NiSi once that the Ni is fully consumed. Last for temper-
atures higher than 750◦C the NiSi2 phase forms [233]. Thus, the role of Ni is remarkably
different on sapphire and on Si(111). While on sapphire Ni induces the growth of the
NWs and is located at their tips, on Si(111) Ni locally reacts with the Si substrate and
prevents NW growth. We note that this salicidation process is anisotropic [234], indeed
these islands were observed only for the Ni deposited on Si(111) substrates only but not
on Si(001)where the NWs grew everywhere. However, in both cases still no droplets
were observed at the NW tip.
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Figure 4.10: (a),(b) and (c), (d) HRTEM images of the interfaces between the GaN NWs and the Si(111)
and Si(001) substrates, respectively. In (b) and (d) the interface is not amorphous so that in
(b) NWs grow along two inclined direction relative to [111]Si. (e) and (f) TEM images of GaN
NWs grown on Si(111) and Si(001) substrates, respectively. (g) HRTEM image of a NW tip.
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Figure 4.11: (a) and (b) plan view SEM and (c) XTEM images along [11̄0]Si of sample S1I revealing the
formation of Ni-Si islands which hinder NW growth. (d) Ni (blue) and (e) Si (red) distribution
in the island found by EDXS.
4.4 Influence of the V/III ratio and growth temperature
4.4.1 Influence of the V/III ratio
GaN and the other III-nitrides have the specialty to be grown either under Ga-excess or
N-excess unlike other III-V semi-conductors. However, the N-rich growth conditions
are required in both approaches for the NWs to develop [19, 134]. Thus, it seems that
the V/III ratio is the most important growth parameter for the formation of GaN NWs
by MBE. To study its influence on growth in more detail, both the Ga- and the N-rate
were varied separately. NW growth rates were extracted from cross-sectional SEM im-
ages as described in chapter 2 and compared to the nominal growth rate corresponding
to the rate of the species in minority. In principle, the NW growth rate determined this
way could be wrong if the nucleation time is very long as seen in the previous chapter.
However, at the growth temperature of 730◦C the nucleation time is negligible in com-
parison to the growth time (see chapter 3) for all samples except for condition e (lowest
N-rate) for which the nucleation time lasts up to 10 min for the catalyst-assisted growth
(sample A0e) and already almost 30 min for the catalyst-free growth (Samples S1e and
S0e). However, in these extreme cases, the loss of thickness was estimated from the
QMS profiles to be on the one hand 6 nm (0.01 Å/s) and 40 nm (0.09 Å/s), and both
values are within the range of uncertainty.
Influence of the N-rate
At first, the Ga-rate was kept constant while the N-rate was decreased down to a value
close to but above stoichiometry (conditions a, d, and e). Figure 4.12 presents the mor-
phology of the corresponding samples. Under these conditions, the NW length de-
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Figure 4.12: SEM images acquired at an angle of 90◦ and 45◦ (inset) to the surface normal of catalyst-
assisted (first row) and catalyst-free GaN NWs on Si(111) and Si(001) (second and third rows,
respectively) for various N-rates. Scale bar is 1 µm.
creases with the N-rate for the growth on sapphire with Ni-catalyst as well as for the
growth on Si substrates without any catalyst. In the case of self-induced growth at a
V/III ratio just above stoichiometry, Calleja et al.[129] already reported a low density
of short nanocolumns emerging from a compact columnar layer. Similar results were
observed for both approaches (see inset in Figure 4.12). The growth rate of this colum-
nar layer, which is more compact for the growth on sapphire than on Si, matches the
growth rate of sample A0I corresponding to the supplied Ga-rate. In general such a
bimodal morphology is clearly obtained for moderate V/III ratio but when the excess
of N is increased the NW growth rate is enhanced for both approaches and the colum-
nar layer is not noticeable anymore, but instead there are thicker and shorter columns
between the NWs.
94
4.4 Influence of the V/III ratio and growth temperature
Figure 4.13: Growth rate of (a) catalyst-assisted (samples A0a, A0d, A0e) and (b) catalyst-free GaN NWs
(samples S0a, S0d, S0e, S1a, S1d, S1e) as a function of the N-rate.
The growth rate of the NWs as a function of the N-rate is plotted for these experi-
ments in Figure 4.13. For comparison, the N-rate and the Ga-rate are also reported
in the graphs. In the case of growth on sapphire with Ni catalyst [Figure 4.13(a)], the
NW growth rate matches closely the N-rate, similar to planar growth under Ga-rich
conditions, instead of the present N-rich ones. This result can be fully explained by
the growth model proposed in reference [19] that is described in detail in section 4.6.2.
However, on bare Si substrates 4.13(b) a different situation is observed and the results
are very similar for both orientations of the Si substrates. For V/III ratios higher than
one, the average growth rate of the NWs is significantly lower than the N-rate but
higher than the Ga-rate and only the few longest NWs grow at a rate approaching the
N-rate. An interpretation of these observations is given in section 4.6.2 on the basis of
the existing growth models [22, 23, 26, 27].
Influence of the Ga-rate
Next, the N-rate was kept constant and the Ga-rate was halved and doubled, respec-
tively (conditions a, f and g). SEM images of the corresponding samples are presented
in Figure 4.14. In the case of growth on sapphire with Ni catalyst, for the lowest Ga-rate
(sample A0f ) the NW length is strongly reduced while for the higher Ga-rate (sample
A0g) the NW length is almost unchanged in comparison to the medium Ga-rate (sample
A0e). In addition, for the lowest Ga-rate planar growth is observed between the very
short NWs (see inset) whereas for the highest growth rate coalescence-like feature typ-
ical for low V/III ratio is forming a discontinuous base between the NWs. The growth
rate of this base (0.9 Å.s) slightly exceeds the Ga-rate (0.8 Å.s). Note also that this base
let the NWs root uncovered as if it will have formed after the NW nucleation. For the
catalyst-free approach, no obvious difference is observed for the two different substrate,
Si(001) and Si(111). The NW length increases with the Ga-rate and for condition g, the
longest NWs are as long as the catalyst-induced NWs.
The growth rate extracted from Figure 4.14 as a function of the Ga-rate is plotted in Fig-
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Figure 4.14: SEM images acquired at an angle of 90◦ and 45◦ (inset) to the surface normal of catalyst-
assisted (first row) and catalyst-free GaN NWs on Si(111) and Si(001) (second and third rows,
respectively) for various Ga-rates. Scale bar is 1 µm
ure 4.15. The N-rate and the Ga-rate are also reported on the graphs. For the catalyst-
assisted NWs, the growth rate matches again closely the N-rate except for the lowest
Ga-rate of condition f. Once the Ga-rate is set over a critical value, NW growth occurs
and saturates at the N-rate, even for the higher Ga-rate. This further confirms that the
supplied N-rate imposes the NW growth rate. In the case of growth on bare Si sub-
strates, the average growth rate is still significantly lower than the N-rate but increases
with the Ga-rate for the investigated range. For growth under condition g, the growth
rate of the few longest NW reaches the N-rate. Therefore, we conclude that for the
catalyst-free approach, the N-rate is the upper limit of the NW growth rate in agree-
ment with the previous results of Songmuang et al. [23]. A possible explanation for this
result is presented in section 4.6.2.
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Figure 4.15: Growth rate of (a) catalyst-assisted (samples A0a, A0f, A0g) and (b) catalyst-free GaN NWs
(samples S0a, S0f, S0g, S1a, S1f, S1g) as a function of the Ga-rate
4.4.2 Influence of the temperature
The growth temperature has already been reported to enhance the NW tapering mor-
phology [136] grown in the catalyst-free approach and the NW growth rate [23]. In
order to study its effect on both the catalyst-assisted and the catalyst-free NWs, sam-
ples were grown keeping the same nominal V/III ratio as condition a at 730, 750, and
780◦C.
Figure 4.16 presents the morphology of the catalyst-assisted NWs grown under these
conditions (samples A0a, A0b, A0c). When increasing the substrate temperature from
Figure 4.16: SEM images of samples A0a, A0b and A0c grown at 730, 755, and 780◦C. Top and bottom rows
correspond to plan and cross section views, respectively. Scale bar is 1µm.
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Figure 4.17: TEM image of NW tips of sample A0c. The density of the SFs identified by the horizontal
black striation is largely reduced compared to sample A0a in Figure 4.6.
730 to 755◦C, the NW length remains almost constant [Figure 4.16(a) and (b)]. At 755◦C,
the NWs have a tapered shape with a tip thinner than their base. The diameter of the
NW decreases along the length from 45 ± 10 nm at the NW base to 25 ± 10 nm at the
tip. The shorter and thick columns observed for sample A0a at 730◦C are for sample
A0b grown at 755◦C much thicker whereas for sample A0c grown at 780◦C their growth
is almost suppressed. Also, the NWs grown at 780◦C have a more homogeneous length
and are getting thinner with more uniform diameters of about 27 ± 10 nm, which is a
strong indication for an increased diffusion length. However, at such high temperature,
the NW length drops markedly by about 70 nm [Figure 4.16(c)] which is an effect of the
enhanced Ga desorption. At 780◦C the NWs density (2.5×1010 NWs/cm2) is slightly
increased compared to growth at 730◦C. In addition, XTEM analysis on sample A0c
still revealed the growth of WZ monocrystalline GaN NWs but with a crystal quality
far superior since many fewer SFs were found along the NWs (compare Figure 4.17
with Figure 4.6).
Figure 4.18 presents the morphology of the catalyst-free NWs grown under the same
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Figure 4.18: SEM images of the temperature set of samples grown catalyst-free on Si(111) and Si(001) at
730, 755, and 780◦C (samples S1a, S0a, S1b, S0b, S1c, S0c, respectively). Top and bottom rows
correspond to plan and cross section views, respectively. Scale bar is 1µm.
conditions on Si(001) and Si(111) (samples S0a, S0b, S0c, S1a, S1b, and S1c). The length
of the NWs slightly increases with the growth temperature up to 755◦C (samples S0b
and S1b). Upon further temperature increase, the NWs grow in a more isolated way,
the coalescence of the columnar base is strongly reduced and the NW density therefore
increases to 1.8×1010 NWs/cm2. A slight decrease of about 20 nm in NW length is also
ascertained due to Ga desorption and GaN decomposition but also most probably to
the much longer nucleation duration observed at 780◦C (see 3.3.4. In this case the nu-
cleation duration (3100 s ≈ 52 min) is not negligible anymore compared to the growth
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duration (76 min). Thus at the highest temperature the effective growth duration fol-
lowing nucleation is reduced and the almost equivalent length obtained at different
temperatures means that the NW growth proceeds actually faster.
Thus, higher temperature certainly also influences the NW growth, since it favors the
adatoms diffusion, desorption and increases the GaN decomposition [134]. Moreover,
it may improve the crystal quality of the catalyst-assisted NWs. However, in the frame-
work of both approaches, no effect on the NW formation is observed for the range of
temperatures investigated and the effects observed on the NW morphology, that are
coalescence and tapering, are not as drastic as the changes observed upon the variation
of the V/III ratio. Therefore the V/III ratio is considered the most important parameter
for the growth of the NWs.
4.5 Optical properties
The direct and wide bandgap of GaN and its tunability by alloying with other III-metal
nitrides are particularly attractive for optoelectronic applications. Associated with the
NW one-dimensional geometry, material of improved crystal quality is expected and
entails the opportunity of enhanced radiative efficiency and the potential for novel de-
vices [9, 235]. However, the large NW aspect ratio might also be detrimental to the NW
luminescence by an enhancement of the manifestation of surface defects [236, 237]. In
addition, the observed strong difference in the nano-structural quality of the NWs sup-
plied by the two approaches might affect their optical characteristics.
Therefore, characterization of the NW luminescence is of crucial interest to know how
the material quality affects the optical characteristics of the NWs and whether there
is any difference in this respect between the two pathways. In addition, earlier work
showed that the luminescence collected from NWs grown on Si(111) in the catalyst-free
approach [133, 136] was noticeably improved when the temperature of growth was
raised. Thus, to verify if this result also holds for the NWs grown with the catalyst-
assisted approach or with the catalyst-free approach on Si(001), LT-PL measurements
(10 K) were performed (Figure 4.19) on the set of the as-grown NW samples under fixed
Ga- and N-rates but different growth temperatures (conditions a, b, and c in Table 1).
In the following, the spectra of these NW samples are compared to transitions that have
already been observed in GaN NWs [129, 133, 238–242], but also in compact layers
[237, 243–245].
Three main near-gap transitions are characteristic for GaN NWs. The first one is the
donor-bound-exciton (D0,XA) observed for strain-free GaN at 3.472 eV [239]. The sec-
ond and third ones centered at about 3.42 eV and 3.45 eV are not usual for layers grown
in the same MBE, suggesting that they are most likely not caused by impurities [246].
Therefore these transitions are most probably related to NW surface effect or to struc-
tural defects whose density in NWs would be higher than in planar layers, such as SF.
However, for the following reasons it is not possible to unambiguously identify the
origin of the two low-energy transitions observed in those NWs. First, the transitions
occurring in NWs at similar energy position than in GaN compact layers are difficult
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Figure 4.19: (a) Low temperature PL spectra of samples A0a (dots), A0b (dash) and A0c (solid) grown at
730, 755 and 780◦C respectively. The inset is displayed in a semi-log scale in order to detect
the presence of the yellow luminescence. (b) Detail for the near band edge of spectra (a)
normalized to (D0,XA) (semi-log scale). Spectra are vertically shifted for clarity.
to identify due to broadening resulting from the sum of each NW contribution [246].
Second, the position and broadening of the transitions occurring at lower energy than
the donor-bound-exciton (D0,XA) are not homogeneous through the samples. Third,
the transitions in compact layers that have a common energy position with GaN NWs
are unusual and their exact origin is also often questionable [237]. Nevertheless, in the
following we will discuss the PL spectra of our NWs in conjunction with proposals
from the literature.
4.5.1 Catalyst-assisted growth
The luminescence collected from samples A0a, A0b, and A0c grown at 730, 755 and
780◦C, respectively, is presented in Figure 4.19. The first most striking feature is that
none of these spectra is dominated by the (D0,XA) emission line, as it should be for
good quality layers grown on sapphire [Figure 4.19(a)]. However, the (D0,XA) transi-
tion is clearly resolved at 3.473 ± 0.001 eV that corresponds to relaxed GaN [238, 239].
A blue-shift of this peak caused by the biaxial compressive strain resulting from the
differences in thermal expansion coefficient and lattice mismatch between GaN and
C-plane sapphire (13.8%) [247] could be expected. However, almost no effect of the
growth temperature on the position of this transition is observed, which is attributed
to an efficient stress accomodation enabled by the NW geometry [58, 238]. On the one
hand, elastic strain can be relieved laterally at the free surface of the NW sidewalls [10].
On the other hand, dislocations may also form at the interface between the substrate
and the NW or bend to the sidewalls at the bottom of the NWs [248]. In addition, it is
surprising that very little change is observed for the intensity of the peak. Indeed, the
NWs exhibit different morphologies as observed in section 4.4.2 and the change in di-
mension and density of the NWs suggests a different volume contribution. Moreover,
the higher surface-to-volume ratio obtained for growth at higher temperatures should
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favor the manifestation of surface effects. However, several effects might compensate.
For instance, at higher temperature, the volume contribution of the NWs is smaller but
as ascertained by TEM, it is also of better quality than the more abundant one at lower
temperature. Moreover, for samples A0b and A0c weak shoulders appear on the higher
energy side of the (D0,XA) peak at about 3.481 eV and 3.485 eV that could be associated
to free excitons and the smallest full width at half maximum of (D0,XA) (FWHM) is
3.4 meV obtained for sample A0a which does not present these shoulders.
Considering the lower energy side of (D0,XA) [Figure 4.19(b)], two groups composed
of many lines are detected. The first group appears as a small peak for sample A0a
between 3.451–3.453 eV. For the other samples this emission is not clearly resolved but
a small bump around 3.458 eV is detected. In bulk material, lines at the same position
(Y1 lines) were attributed to excitons bound to inversion domain interfaces [237, 249]
due to the inclusion of narrow Ga-polar domains in N-polar films. This interpretation
could apply for instance for the bimodal morphology of GaN NWs grown on an AlN
buffer layer on sapphire substrates that was observed by Cherns et al. [218]. They in-
deed reported that Ga-polar defect-free NWs were embedded in a N-polar lower highly
defective layer. However, for the NWs samples considered here only one polarity was
found and such a layer was not observed. Thus, the origin of this peak is still unclear.
The second group is detected between 3.41–3.43 eV. This emission dominates the spec-
tra of samples A0b, A0c, and is very strong in sample A0a. On the one hand, for thin
films, the Y2 lines at similar position have been tentatively correlated to excitons bound
to structural defects at the surface [237]. In addition, by cathodoluminescence (CL)
measurement on A-plane GaN, Liu et al. [244] could relate peaks at 3.41, 3.33, and
3.29 eV to I1 SFs, prismatic SFs, and partial dislocations, respectively. Interestingly, for
our NW samples, the intensity of the emission entailed in the range of 3.41–3.43 eV
compared to the one of the (D0,XA) first strongly increases when the growth tempera-
ture is raised from 730 to 755◦C before decreasing for the highest growth temperature
where it is the lowest. In agreement with this finding, TEM showed that the SF density
is reduced in NWs grown at 780◦C in comparison the ones grown at 730◦C. Also, this
emission is slightly shifted toward higher energy with the growth temperature.
On the other hand, CL measurement on catalyst-free NWs have correlated emission
lines at 3.41–3.42 eV with structural defects at the NWs / substrate interface with a
sample-dependent energy dispersion from 3.405 eV to 3.421 eV by PL and from 3.413
to 3.430 eV [129]. In addition, this emission was reported for catalyst-free NWs by
other groups at 3.43 eV and is blue-shifted for increasing impurity concentration (Mg
or Si) [241]. Hence, there appears to be a multitude of transition lines in the range
3.41–3.43 eV, and the pronounced broad peak at 3.43 eV for samples A0b, A0c may a
priori have the same origin as the band at 3.41–3.42 eV for NWs grown on Si. Here the
intensity of these lines is strongest for sample A0b which presents long NWs but also
shorter and wider ones. For this sample, the density of defects formed at the interface to
the substrate might thus be higher which could also account for an increased intensity
of these lines. Therefore, the lines at 3.41–3.43 eV could be assigned to structural defects
but their exact nature is at this point still unclear. At the same time, for sample A0b this
broad peak extends to the energy of 3.437 eV for which a dominant emission was found
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in Ni-induced NWs grown by MOVPE [242]. The emission at 3.437 eV was tentatively
attributed to neutral acceptor-bound excitons related to Ni contamination in those NWs
that were free of SFs. Thus, the shift from 3.41–3.42 eV to 3.43 eV might be the result
of structural defects and / or Ni contamination. However, it should be noted that we
are not aware of any unambiguous identification of emission lines due to Ni in GaN
and that SFs are known to be radiative defects. Therefore, it seems more reasonable to
attribute the broad peak at 3.43 eV to structural defects.
The spectrum of sample A0a is very different from the ones of the two other samples
grown at higher temperature in that it is dominated by a broad peak at 3.28–3.29 eV
with a long tail toward lower energies and many shoulders. This broad peak is most
probably assigned to the donor-acceptor-pair transition in WZ GaN (DAP) and to its
replica. A broad shoulder at about 3.32–3.33 eV is found in the spectrum of all these
samples. This defect transition could be an equivalent in planar films of the Y6 lines.
These lines have never been observed for films with flat surfaces and were attributed to
a shallow DAP-type transition located on the GaN surface [237]. Sample A0c presents
an additional line at 3.344 eV corresponding to the unusual Y5 line in GaN films whose
origin is unknown. For both samples A0b and A0c the intensity of this broad emission
decreases relatively to the one of (D0,XA) and its position is shifted toward higher en-
ergy at 3.362 and 3.370 eV, respectively. These lines could be correlated to the Y3 and
Y4 transition in GaN films, that have been tentatively attributed to excitons bound to
structural defects [237].
The yellow luminescence (YL) band, located in GaN films at 2.2–2.3 eV, has been at-
tributed to a transition from a shallow donor, O or Si, to a deep acceptor, presumably
the Ga vacancies (VGa) [237]. For the samples grown at 755 and 780◦C, this band is ab-
sent, while for the sample grown at 730◦C a faint and 100 meV wide bump at 2.17 eV is
found with an intensity more than two orders of magnitude smaller than the one of the
(D0,XA) transition as seen in the inset of Figure 4.19(a). This is an indication for a very
low density of the related point defects, for instance VGa [237, 243]. A similar result was
already ascertained from PL on GaN needles in the early 1980’s [243]. Recently Brandt
et al suggested that these point defects may diffuse or segregate to the NW surface and
annihilate during growth yielding an inherently superior optoelectronic quality com-
pared to GaN films [246]. The absence of the YL in samples A0b and A0c attests to the
improvement of the material quality when the growth temperature is raised. This result
was already obtained for catalyst-free grown NWs [133]. Thus, for the catalyst-assisted
grown NWs, the same conclusion can be drawn.
Note that for sample A0a, the position of the bump is slightly shifted toward lower
energies and thinner than what has been observed for YL in bulk GaN. This might also
be an effect of Ni incorporation into GaN. Pankove et Hutchby [245] have reported that
GaN implanted with Ni exhibited at 78 K a band located at 2.05 eV but with an intensity
3 times larger than the YL of undoped GaN.
Thus the spectra of the catalyst-assisted NWs indicate numerous defect peaks that
could be correlated with defect luminescence lines of GaN films. The increase of the
growth temperature leads to the decrease of the intensity of these emissions, indicating
an improvement in the quality of the NWs grown at higher temperature, similarly to
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Figure 4.20: (a) and (b) LT-PL spectra of GaN NWs grown on Si(001)(samples S0a, S0b, S0c) and Si(111)
(samples S1a, S1b, S1c) respectively. The same spectra in semi-log scale are presented in the
insets in order to detect the presence of the yellow luminescence. (c) and (d) Detail of the
near band edge of the spectra normalized to (D0,XA) (a) and (b) respectively (semi log scale),
spectra are vertically shifted for clarity.
the result observed for the catalyst-free growth on Si(111).
4.5.2 Catalyst-free growth
Figure 4.20 presents the low temperature (10 K) PL spectra collected from samples S0a,
S0b, S0c and S1a, S1b and S1c. Again, the spectra of all these samples reveal a clear
emission line at 3.472 eV related to the donor bound exciton transition (D0,XA), char-
acteristic for strain-free GaN despite the large lattice mismatch with the Si substrate
(−17 %). With increasing growth temperature, the intensity of this peak increases while
its FWHM decreases. For samples S0c and S1c this peak even dominates the spectra and
the narrowest FWHM is obtained for sample S1c and amounts to 3.1 meV.
The emission at 3.45 eV is also detected for all of these samples. Its intensity relative
to the (D0,XA) first increases when the temperature is raised to 755◦C (samples S0b
and S1b) whereas at 780◦C it decreases (sample S0c and S1c). However in the case
of growth on Si(111) the intensity of this peak remains very strong compared to the
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(D0,XA) one even for sample S1c. This emission was studied in detail by Calleja et
al. [129] who found it to be dependent on the NW surface to volume ratio whatever
substrate used, C-plane Sapphire or Si(111). They assigned it to the doublet emission
related to GaI point defects but under the assumption of a Ga-balling growth model
which was later withdrawn. Recently, Furtmayr et al. [241] suggested that VGa at the
NW sidewalls caused by the N-rich growth conditions could induce this emission, the
intensity of which is quenched with the NWs coalescence. However, in the case of
growth on Si(001), under the same V/III ratio and with nearly the same density of the
NWs and degree of coalescence as on Si(111) (see Figure 4.18), the intensity of this line
is significantly reduced. Therefore, its origin remains unclear.
The emission lines centered in the range of 3.41–3.425 eV are weaker in comparison to
the (D0,XA) line for the samples grown above 755◦C (S0b, S0c, S1b, and S1c) but not for
the ones grown at 730◦C (S0a, S0a) for which they dominate the spectrum. Hence, this
evidences a decrease of the density of the structural defects associated to this line with
an increase of the temperature for both types of substrates Si(001) and Si(111).
In addition, for all of these samples the DAP is not clearly resolved and many tran-
sitions are possible in the range of 3.26–3.29 eV. However, the luminescence intensity
within this range is very low compared to the (D0,XA) transition [see Figure 4.20(a)].
Note that lines at 3.27 eV and at 3.16 eV have been assigned to an exciton bound to a
shallow donor in ZB GaN and to the shallow DAP in ZB GaN, respectively. The pres-
ence of these lines could indicate the formation of ZB GaN but it is difficult to resolve
them from the DAP in WZ GaN and its wide tail toward lower energies. At 730◦C a
wide shoulder appears at 3.30–3.32 eV for NWs grown on substrates of both orientation,
which could be correspond to the Y6 lines in GaN films. When the growth temperature
is increased this shoulder is not detected anymore. Instead, a shoulder at 3.34–3.37 eV
already present for the lower temperature samples is detected. This shoulder could be
an equivalent to the Y3, Y4, Y5 lines in GaN films.
Again, none of the samples exhibits yellow band lines for growth above 755◦C, while
for the sample grown at 730◦C a faint and 230 meV wide bump at 2.19 eV is found
with an intensity also more than two orders of magnitude smaller than the one of the
(D0,XA) transition as seen in the inset of Figure 4.20(b).
Thus slight differences are observed in the spectra of the catalyst-free NWs grown on Si
substrate of both orientations, but the main result is that in both cases, an improvement
of the luminescence is also ascertained when the growth temperature is raised.
4.6 Discussion: Comparison of both approaches
The properties of the NWs obtained either by the catalyst-assisted or by the catalyst-free
approach are in many respects very similar. The three aspects that are markedly differ-
ent and that require an extensive discussion are the occurrence of SFs, the underlying
growth mechanism, and the optical properties.
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4.6.1 Crystal Quality
Like the bulk material, the NW material has a WZ structure and the growth axis co-
incides with the [0001] direction whatever the chosen growth approach. However, the
crystal quality depends on the growth approach. The catalyst-assisted NWs contain a
large number of SFs formed randomly along the NW axis. In contrast, the GaN NWs
grown by the catalyst-free approach on Si are almost defect-free as previously reported
by other groups [134, 181].
The SF density in the catalyst-assisted NWs is anomalously high even compared to
planar films, where the SFs only occur close to the substrate-GaN interface [250, 251].
Thus, the SF formation in the NWs seems to have a different origin. A basal plane SF is
a ZB inclusion of minimal size in a WZ host crystal, so it is important to consider under
what conditions cubic GaN forms. GaN usually adopts the stable WZ phase but the
rather low difference [252] in formation energy of the WZ and ZB phases is believed
to ease polytypic growth. The preferential nucleation of the metastable ZB (111) phase
on the WZ (0001) one usually occurs for growth conditions of excess Ga and low tem-
perature [253, 254]. Also, the ZB phase can be obtained by epitaxial growth on cubic
substrates [183]. Last, impurities or dopants are another factor that affects the formation
of planar defects such as stacking faults and can induce a transition to ZB [255–258]. For
instance, a HRTEM study showed that increasing Si doping of GaN generates a higher
density of basal plane stacking faults in wurtzite GaN [258]. Moreover, if the impu-
rity behaves as a surfactant and tends to diffuse away from the doped layer into the
growth front, the crystal structure can changed to ZB for a continuous impurity supply
exceeding a critical concentration [255, 256, 259, 260].
The presence of SFs in GaN NWs has been mainly reported for catalyst-induced growth
by MOCVD, chemical vapor transport (CVT) and hydride vapor phase epitaxy (HVPE)
[261–264]. Nevertheless mixed ZB and WZ phases also appear in NWs grown without
any catalyst in a tube furnace [265]. For the catalyst-free growth of GaN NWs by MBE
SFs are usually observed in the shorter columnar base between the NWs [138, 141,
218], and as for bulk material, SFs can be induced by Mg-doping [137]. SFs randomly
distributed along the NWs have also been reported by Araki et al. for NWs grown by
hydrogen-assisted electron-cyclotron resonance MBE [266]. Last, the appearance of the
ZB phase in WZ GaN NWs obtained by cooling below 260 K was related to short range
ordering and shown to be reversible [267].
As explained above, the occurrence of SFs is typical for catalyst-induced GaN NWs and
not limited to our choice of growth technique and growth parameters. Also, it is clear
that the presence of a catalyst can completely reverse the NW crystal structure from ZB
to WZ, so an increased tendency for SF formation in WZ material is not surprising. Tak-
ing all of the above studies into consideration, the following factors are most relevant
for our case. First, the catalyst material may affect the crystal structure of the NW mate-
rial. The study of the nucleation by RHEED in chapter 3 and the characterization of the
NW tip by element-resolved TEM [144] show that the catalyst is actually solid and a cu-
bic Ni-Ga alloy. Thus, the binding configuration of the GaN nucleus at the NW-catalyst
interface might adopt the ZB configuration because it enables a more favorable bond
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Figure 4.21: Growth model for (a) greater N-rate than Ga-rate and (b) greater Ga-rate [19]. The lengths
of the bars correspond to the locally available amounts of Ga and N. Ga accumulates inside
the Ni-seeds. The horizontal dashed lines indicate the local growth rates of GaN. The higher
growth rate inside the Ni-seeds that is necessary for NW-formation and preferential axial
growth occurs only for V/III>1.
orientation between the Ga-top layer and the cubic GaNi. This would be similar to the
use of P as a surfactant that mediates cubic nucleation of GaN films [255]. As suggested
by the PL analysis, Ni may also be incorporated to some extent, reduce the SF energy
and stabilize the ZB phase as it has been concluded for Si or Mg doping [257]. Second,
the catalyst introduces a triple phase line GaN-GaNi-vapor, and this may play a similar
role as described by Glas et al. [123], leading to the opposite result of ZB nucleation for
a WZ material. Third, the catalyst is known to drastically change the local V/III ratio
to Ga-rich conditions [19], and this is one of the prerequisites for growth of cubic GaN.
However, it should be noted that our growth temperature is significantly higher than
what is the other prerequisite for growth of cubic GaN.
4.6.2 Growth mechanism
Since the VLS mechanism was proposed in 1964 by Wagner and Ellis [60] to account
for the formation of Si whiskers with gold particles, the growth of NWs promoted by
metal particles has been extensively investigated and similar mechanisms, like the VSS
one [75, 76], have been evidenced. In any case, the influence of such mechanisms on
the NW characteristics, if not always straightforward, is fairly well understood. In con-
trast, the mechanisms causing the catalyst-free growth of NWs are still under intensive
discussion. A complete model should explain where NWs nucleate, what determines
their diameter, and why axial growth is much faster than radial growth. The first two
questions relate to nucleation which we already studied in chapter 3, so in the following
we will focus on the third one.
Catalyst-assisted NW growth
As mentioned in chapter 3, it has been concluded from ex-situ studies that in case of
V/III NW growth almost solely group III-species incorporate into the catalyst particles
[19, 76, 113]. In addition, it has also been shown that the growth rate of the NWs in
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this case corresponds to the supplied rate of group V [19, 100, 167]. Last, several results
have established that growth occurs at the triple phase line [74, 123, 268].
In the case of our GaN NWs, the NW growth rate dependence on the Ga and N rates
can thus entirely be explained in the framework of the VLS or VSS mechanism, as a di-
rect consequence of the nucleation processes. In chapter 3 the accumulation of Ga into
the Ni seeds has been ascertained by in-situ monitoring that has evidenced the Ni-Ga
composition of the catalyst-particles during the nucleation. Hence, this result strongly
suggests that along further growth, the Ni particles still act as an efficient collector for
Ga atoms impinging on their surface or diffusing on the substrate and along the form-
ing NW side-facets. On the contrary they filter as efficiently the N atoms that do not
accumulate into it as confirmed by ex-situ EELS investigation [144]. In turn local excess
of Ga forms under the seed and as expected for such conditions, the growth rate of GaN
is imposed by the N-rate as proposed in ref. [19] and sketched in Figure 4.21(a). Hence,
the higher the N-excess, the larger is the difference between the enhanced growth rate
at the NW tip and the Ga-limited growth rate between the NWs. Therefore, below the
Ni seeds GaN grows faster than between the NWs.
However, if the supplied amount of Ga is too low to assure the locally Ga-rich condi-
tions inside the seed, the NW growth is strongly impeded. In this case, the Ga incorpo-
ration into Ni is limited by the low Ga-rate supplied. In turn, the amount required to
nucleate the NiGa phase which precedes GaN nucleation under the catalyst could not
be collected before the nucleation starts outside the particles as observed on the SEM
images in Figure 4.14(f). On the other hand, when the supplied amount of Ga is in-
creased such that the global V/III ratio is decreased but still higher than unity, the NW
growth rate remains unchanged because still imposed by N, but the growth rate of the
surface between the NWs is enhanced. In the extreme case where the global V/III ratio
is lower than unity [Figure 4.21(b)] no NW forms although Ga still accumulates inside
the Ni seeds, because the Ga-rich conditions are now established inside and between
the seeds, and the growth rate is then limited by the N-rate over the whole substrate
surface. Thus the role of the Ni seeds is to maintain the inhomogeneity in the Ga dis-
tribution in order to locally reverse the V/III ratio in favor of group III during both
nucleation and further growth of the NWs.
Catalyst-free NW growth
As seen at the beginning of this chapter, several arguments could explain the growth
rate differences observed for each type of facet, polar and non-polar, and this would
explain why all the NWs have the Ga polarity. The diagram in Figure 4.22(a) recalls the
different occurring mechanisms. Different facets, polar and non polar, present different
diffusivity (Jd), impinging (Ji), incorporation (JI) and desorption rates (JD) and this for
each growth species Ga or N, leading to different growth rate and stability for each
facet type.
The growth model proposed by Bertness et al., Ristić et al., and Stoica et al. [22, 26, 27]
is at some point very similar to the one developed much earlier by Schwoebel [99] to
account for locally enhanced growth perpendicular to the substrate surface. As already
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mentioned in chapter 2 this model predicts the growth of a "filamentary crystal" with
atomically flat side walls assuming different adatom mobilities on top and side-facets
and different capture rates at steps. Recently, an experimental study of GaN island nu-
cleation on GaN(0001) in MBE [102] yielded indeed that for N-rich conditions adatoms
incorporate mostly at the step edges from the upper terrace while hopping to the lower
one is hindered by the ES barrier. Additionally this study showed that the ES barrier
could be inverted for an excess of Ga that passivates steps of one or two monolayers,
depending on the supplied excess of Ga. This result is in agreement with the observa-
tion that the V/III ratio is the most important parameter for the successful growth of
GaN NWs.
Moreover, the recent first principles calculations of the surface thermodynamics and
adatom kinetics further support this model [220]. On the one hand, it underlines that
stoichiometric non-polar GaN surfaces are unstable against atomic N, while N-rich sur-
face configurations are thermodynamically highly unfavorable. On the other hand, it
points out the strong contrast with C-plane surfaces on which N adatoms can be ther-
modynamically or kinetically stabilized under extreme N-excess [101]. Therefore, a
higher Ga adatom incorporation is expected to occur on the NW C-plane top surface
than on the M-plane sidefacets under N-excess.
Lastly, Wacaser et al [74] suggested equivalently that the difference in edge and surface
free energies of different planes induces a difference in Gibbs free energies and nucle-
ation probabilities. Therefore they suggested a unidirectional growth mechanism based
on preferential interface nucleation.
The experimental data presented in section 4.4.1 provide supportive information on the
existing growth models [22, 23, 26, 27, 220]. First, the NW growth rate is higher than the
Ga-rate impinging at the NW tip. This confirms that the diffusion of Ga atoms along
the NW sidewalls is an important contribution to the amount of Ga that is available
for incorporation at the NW tip. Second, there is a quantitative agreement between
the data for growth on Si(001) and Si(111). This suggests that the phenomena causing
preferential growth along the C-axis are related to GaN itself [220] and to the growth
geometry [28]. However, these phenomena are independent of the substrate and nucle-
ation processes, as it is the case for different diffusion and incorporation rates on polar
and non-polar GaN facets, respectively. These effects responsible for the catalyst-free
growth of NWs must hold for the catalyst-induced approach as well, since in both cases
all structural properties relevant for diffusion and incorporation (i.e. crystal orientation
and polarity) are identical. Hence, a simplified way to compare the two approaches of
NW fabrication is to consider the catalyst-assisted growth as an extreme case where all
the Ga arriving at the NW tip accumulates there inside the seed particle while for the
catalyst-free approach some of the arriving Ga may also diffuse away. Therefore, the
growth rate of the catalyst-induced NWs is given by the amount of impinging N while
the growth rate of catalyst-free NWs is essentially determined by the ratio between the
incorporation rates on the two types of facets. In other words, for the catalyst-induced
case, N is the species in minority at the NW tip while it is Ga for the catalyst-free case as
sketched in Figure 4.22(b). This figure compares the Ga and N rates that are supplied
by the source (dark bars) and locally available (lighter bars) on the NW tip. For the
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Figure 4.22: (a) Schematic of the different mechanisms occurring on the different facet planes. Different
facet planes, polar and non polar, present different diffusivity (JD), impinging (Ji), incorpora-
tion (JI) and desorption rates (Jd) and this for each growth species Ga or N, leading to different
growth rate and stability for each facet type. The incorporation rates for each facet depend on
the sticking coefficient of each species on the different facet planes, but also on their arriving
rates that are not equivalent for top or lateral exposition [28]. (b) Schematic comparison of
the incorporation rate on the top C-plane facet in both approaches. The heights of the dark
bars correspond to locally available amounts of Ga and N while the height of the lighter bars
corresponds to the amounts of Ga and N supplied by the sources for a V/III ratio of 5. The
horizontal dashed lines indicate the local growth rate of GaN. See text for explanation.
self-induced approach the incorporated amount of Ga on the (0001) planes is smaller
than for the catalyst-assisted approach due to possible diffusion away or desorption.
However, Ga incorporation is still higher than the supplied Ga rate due to the adatom
diffusion along the NW side-facets. In contrast, (101̄0) facet growth is strongly inhib-
ited in both approaches. This is a consequence of the much lower Ga and N adatom
amount arriving from the sources [28] and also of the smaller Ga adatom incorporation
rate [220] on these facets. Indeed, considering only the lower adatom impinging rate
from sources oriented at an angle of 30◦ to the substrate normal, it has been calculated
that the axial growth should occur 5.4 time faster than the radial one [28]. However, for
both the catalyst-assisted and the catalyst-free approach the radial growth rate amounts
to 1 % and 3%, respectively, of the axial one [19, 23, 24]. Also, the side facets of the
catalyst-free NWs are atomically flat supporting the results of Lymperakis et al. which
indicate the suppression of the lateral growth of the NWs [220]. Therefore, the adatom
incorporation rates on the different facet planes play probably the most important role
in NW growth.
4.6.3 Optical properties
As concluded in section 4.5 the luminescence collected from NWs grown in the catalyst-
assisted and catalyst-free approaches is noticeably improved when the growth temper-
ature is raised. Thus, the samples grown at 780◦C under the same V/III ratio that pre-
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Figure 4.23: (a) LT-PL spectra of GaN NWs grown at 780◦C on sapphire, Si(001), and Si(111) (samples A0c,
S0c, S1c, respectively). (b) Detail for the near band edge of spectra (semi-log scale).
sented the best PL were compared. Figure 4.23 presents the low temperature (10K) PL
spectra collected from these samples (samples A0c, S0c, and S1c). Essentially, there is a
strong difference in the luminescence intensity of the NWs. The catalyst-free approach
yields NWs with a strong (D0,XA) luminescence that is about 25 times more intense
than the one of the catalyst-induced NWs and the sharpest peak is obtained for the
NWs grown on Si(111) [Figure 4.23(a)].
The emission at around 3.45 eV appears with different intensities relative to the (D0,XA)
in all of the samples. This line has been tentatively attributed to various structural
features [129, 241] but none of the assignments reported in the literature explains our
results and we cannot conclude further on the origin of this line. However, it should be
noted that point defects related to GaI as proposed by Calleja et al [129] appear unlikely
as an origin of this line. Indeed, for the catalyst-assisted NWs, growth has been shown
to actually occur under locally Ga-rich conditions. However, for the corresponding
sample A0a this line is unresolved from the (D0,XA) transition and much weaker than in
the case of growth on Si(001) and on Si(111) where such a defect might be less probable
to appear.
In addition, the emission lines corresponding to the Y2 defect-luminescence in GaN
films are detected at 3.43 eV for the catalyst-induced NWs (sample A0c), while the
catalyst-free NWs exhibit emission features centered at 3.41–3.42 eV [Figure 4.23(b)].
However, there appears to be a multitude of transition lines in the range 3.41–3.43 eV,
and the pronounced broad peak at 3.43 eV for NWs grown on sapphire (sample
A0c) may a priori as seen in section 4.5 have the same origin as the band at 3.41–
3.42 eV for NWs grown on Si. The main difference in the crystal quality between
the two approaches is the occurrence of SFs. Additionally, the emission of this peak
is much stronger compared to the (D0,XA) transition for the catalyst-induced than for
the catalyst-free NWs. Therefore, the peak at 3.43 eV for the catalyst-induced NWs
could still be attributed to these SFs that are basically absent in the case of catalyst-free
growth.
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As already observed in section 4.5, none of the samples exhibits the yellow band which
is an indication for a very low density of the related point defects for both the catalyst-
assisted and catalyst-free pathways.
A quantitative comparison of PL intensities is difficult, but the difference between the
catalyst-free and catalyst-induced NWs is so large that it must be a real effect. The
morphologies of the samples are similar, so differences in light extraction efficiencies
do not suffice as an explanation. As discussed above, the structural difference, i.e. the
occurrence of SFs in catalyst-induced NWs, may explain additional emission lines but
not the reduced PL intensity. Thus, there must be a non-radiative recombination center
that is present only in the catalyst-induced NWs, and the most plausible explanation
is Ni contamination from the catalyst-seeds. Indeed, in ref. [245] it was also noted
that the intensity of the (D0,XA) transition of a Ni implanted GaN layer was only 15 %
of the one of the undoped reference sample. However, no TEM investigation of these
samples were carried out and structural defects induced by ion implantation might
also have resulted. It should be noted here that the direct identification of contamina-
tion in nanostructures is a tremendous experimental challenge [85, 87, 269]. EDX of
Al0.2Ga0.8N catalyst-induced NWs grown through the same mechanism and under the
same conditions as for GaN NWs in this work, showed Ni K-alpha line intensities at
background level in the NW body [270]. However, the sensitivity of PL experiments
is much higher. Therefore, although no direct evidence for contamination due to the
catalyst seeds can be made, this optical investigation strongly suggests it.
4.7 Summary
GaN NWs were grown by the catalyst-induced and by the catalyst-free approaches
under identical conditions except for the choice of substrate. Many properties of the
resulting NWs are very similar. In both approaches the GaN NWs have the WZ struc-
ture and grow along the Ga-polar (0001) direction. The three major differences are that
first, the catalyst-induced NWs contain a high density of basal-plane SFs. Second, ver-
tical growth by the catalyst-induced approach proceeds faster. Third, the self-induced
approach yields GaN NWs with stronger and sharper photoluminescence. All of these
observations can be explained as effect of the catalyst Ni seeds. Several mechanisms
are proposed by which the Ni seeds may induce the high density of SFs in the catalyst-
assisted NWs. The difference in length between the catalyst-assisted and catalyst-free
NWs is closely related to different dependencies of the NW growth rate on the supplied
amounts of Ga and N. Thus, there must be differences in the processes underlying NW
growth. The catalyst-assisted NWs grow at a rate that equals the amount of nitrogen
impinging at the tip, because in the framework of the VLS mechanism Ga atoms diffuse
on the NW sidewalls and are preferentially incorporated into the Ni seeds. In turn, this
gives rise to locally Ga-rich condition at the NW tip. For the catalyst-free NWs, the
growth rate is, independently of the substrate orientation Si(111) or Si(001), higher than
the Ga-rate, but only the very longest NWs reach the limit imposed by the amount of
impinging nitrogen. The former observation implies that the preferential growth along
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the C-direction must be inherent to GaN itself and can be explained by differences in
diffusion and incorporation rates on the different types of facets. The growth experi-
ments suggest that the Ni seeds capture essentially all of the Ga atoms diffusing to the
NW tips while the axial growth rate of the catalyst-free NWs is determined by the ratio
of the incorporation rates on the top and sidewall GaN facets. Lastly, the direct compar-
ison of growth routines in the same MBE chamber under identical conditions strongly
suggests that Ni contamination is the cause for the significantly reduced PL intensity
of the catalyst-induced NWs. The use of catalyst seeds may offer an additional way to
control the growth of NWs, but both the structural and the optical material quality of
catalyst-free NWs is superior.
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5.1 Conclusion
The purpose of this work was to provide deeper comprehension of the growth mecha-
nisms of GaN NWs, as well as of the interrelation between their structural and physical
properties. GaN NWs are generally grown by MBE without the use of any external
catalyst seed. However, the approach most frequently used to fabricate NWs is the VLS
mechanism. This approach can also be applied in MBE since GaN NWs do not form
on bare sapphire, but are promoted by Ni islands deposited on sapphire. Thus, the
catalyst-induced and the catalyst-free NWs can be grown under identical conditions
just by choosing either sapphire or silicon as the substrate. Both approaches have been
investigated and compared in this thesis.
To gain understanding on the NW nucleation in the framework of both approaches, in-
situ studies by RHEED in correlation with QMS have been carried out. For the catalyst-
assisted approach, three nucleation stages could be identified: first, the incorporation of
Ga into the Ni seeds, second, a transformation of the seed crystal structure, and lastly
GaN growth. Thus, the main understanding is that only Ga incorporates into the Ni
particles, which is ascertained by the identification of Ni-Ga structures formed during
the nucleation upon Ga accumulation but before GaN starts to grow. This result is in
agreement with the Ni-Ga-N ternary phase diagram and it is also consistent with ob-
servations for other materials systems, for instance Au-Ga-As [113] or Au-Ga-Sb [167].
RHEED monitoring of the nucleation ascertained that the seed particles are in the solid
state, therefore the mechanism ruling the nucleation of these NWs at 730◦C is most
probably the VSS one. The QMS study showed that GaN nucleation is the rate limit-
ing process. Last, the incorporated amount of Ga is nearly independent of the Ga-rate
at constant substrate temperature and N-rate, whereas it is enhanced by the substrate
temperature at constant nominal Ga- and N-rates.
For the self-induced NWs, a strong similarity in the nucleation processes on Si(001) and
Si(111) was ascertained by QMS and RHEED. Two nucleation stages could be identified.
During the first stage, there is a competition between the nucleation of crystalline SiyNy
and GaN. The Si surface strongly roughens by the formation of pits and Si mounds. At
the same time, very few GaN islands nucleate either on the Si mounds or possibly also
inside the pits. There are indications that some of the GaN islands may nucleate in the
ZB structure. During the second stage, the amorphization of the SixNy layer leads to the
massive nucleation of GaN islands that are free of the substrate epitaxial constraint and
therefore form in the WZ structure. Since no ZB NWs are observed for longer growth
duration, it is suggested that most probably the few metastable ZB nuclei that could
have formed during the first nucleation stage dissolve away.
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In any case, the processes leading to the NW nucleation are fundamentally different for
both approaches. In the catalyst-assisted approach, Ga strongly reacts with the catalyst
particles, whereas in the catalyst-free approach, N forms an interfacial layer with Si be-
fore the intense nucleation of GaN starts. In the former approach, the crystal structure
and phases of the seed particles are decisive, while in the latter the lattice-mismatch to
the substrate plays the most important role. QMS monitoring enables the comparison
of the GaN nucleation rates for both approaches. At high growth temperature, it re-
veals the faster and larger Ga incorporation in the framework of the catalyst-assisted
approach.
Both approaches are viable to produce NWs within the same range of substrate tem-
peratures and V/III ratios, and the latter must be larger than one (N-excess). Both
yield monocrystalline GaN NWs of WZ structure, which grow in the Ga-polar direc-
tion. However, strong differences are observed. First, the catalyst-assisted NWs are
longer than the catalyst-free ones after growth under identical conditions of duration,
substrate temperature and V/III ratio. The catalyst-assisted NWs grow at the rate of
the supplied N. This result is in perfect agreement with the nucleation described above
and attributed to the Ga-excess established at the Ni-particle location. In contrast, the
self-induced NWs grow with an intermediate rate between the supplied Ga and N-
rates. Second, the catalyst-assisted approach provides GaN NWs that contain many
stacking faults, while the catalyst-free ones are largely free of defects. Third, the PL of
the catalyst-free NWs is narrower and much more intense than the one of the catalyst-
assisted NWs. All of these differences are explained as effects of the catalyst. The seed
captures Ga atoms arriving at the NW tip more efficiently than the bare top facet in the
catalyst-free case. In addition, both the presence of the additional solid phase consti-
tuted by the catalyst-particles and contamination of the NWs by the catalyst material
may induce stacking faults. Finally, contamination by the catalyst material is the most
likely cause for the reduced PL intensity, suggesting non-radiative recombination cen-
ters due to Ni contamination. Thus, the most suitable approach for promising novel
III-N devices is the catalyst-free one.
5.2 Outlook
As explained in chapter 3, in-situ studies are essential to develop an elaborate under-
standing of NW nucleation and growth, and the present work shows that QMS in com-
bination with RHEED can provide valuable information in order to elucidate the NW
nucleation mechanisms. Distinct nucleation stages were identified both for the catalyst-
induced and catalyst-free approach, thus enabling a new level of comprehension. In
order to deepen this understanding, the investigation of the nucleation in dependence
of the growth parameters is the next step. Indeed, GaN NWs in the self-induced ap-
proach are usually grown at high temperature in the range of 780–800◦C because of the
improvement of their crystal structure and optical properties. However, in this case
the nucleation duration is much longer and not so many experiments could have been
carried out in the framework of this thesis. Thus, for both the catalyst-assisted and
116
5.2 Outlook
catalyst-free approaches, the study of the influence of the Ga- and N-rate and temper-
ature on the nucleation should be investigated by RHEED, QMS, AFM and TEM as
comprehensively as done for the set of samples grown at 730◦C.
In addition, HRTEM and EELS investigation on samples grown for short duration at
higher temperature should also be performed. For the catalyst-assisted approach such
measurement could further confirm the different Ni-Ga phase sequence appearance
proposed in section 3.2. For the self-induced approach on both Si(001) and Si(111), they
could help to identify the exact nature of the SixNy layer formed before GaN nucle-
ation. Moreover, the morphology of this layer should be compared to the diameter,
orientation and location of the NWs forming on it.
In the present work, the optical properties of the NWs have been investigated on en-
sembles. The broadening of the different transitions related to the contribution of each
NW prevents the unambiguous identification of the origin of the transitions at 3.42 and
3.45 eV characteristic to GaN NWs. This impediment could be overcome by the direct
comparison of the crystal defects with the optical properties by PL and TEM character-
ization on the same single NW. Such studies have already been conducted on InP NWs
and brought deep understanding on the radiative recombinations related to structural
defects [271].
Finally, the investigations that have been carried out in this work provide only a modest
part of the knowledge necessary to integrate NWs in functional devices. Therefore, the
extension of the above studies to the whole III-N system as well as to doping processes





Radio Corporation of America (RCA)
cleaning procedure
These cleaning solutions are based on Hydrogen Peroxide and were developed in 1970
for Silicon Semiconductor Technology [111].
1. Cleaning of the tools (quartz vessel, wafer holder, tweezers...)
NH4OH/H2O2/H2O 1:1:5 (solution RCA1) at 70–80◦C for 10 min
2. Cleaning of the wafers with the RCA1 solution with agitation
NH4OH/H2O2/H2O 1:1:5 at 70–80◦C for 10 min
3. Cleaning with overflowing high purity water for 10 min
4. Etching of the wafers by a few second dip in hydrofluoric acid (50% VLSI
standard) in a Teflon bowl HF/H2O 1:9
5. Overflow rinsing with high purity water
6. Cleaning of the wafers with the RCA2 solution with agitation
HCl/H2O2/H2O 1:1:8 at 70–80◦C for 10 min
7. Cleaning with overflowing high purity water for 10 min
8. Drying of the hydrophilic surface by nitrogen blowing and loading in MBE
9. Oxide desorption at 950◦C for 15 min
The NW samples were grown on Si(001) and Si(111) substrates cleaned following this
procedure. The RCA1 solution is aimed to remove organic contaminations while the
RCA2 removes residual heavy metal contamination. Care has to be taken not to exceed
80◦C since higher temperatures lead to a degradation of the solution and a concomitant
reduction of the cleaning efficiency. Therefore, the temperature was controlled using a




Description of the samples and
corresponding growth parameters
All the samples used in this thesis are listed in Table 1. These samples are labeled as
follows: The substrate material is indicated by the first two characters A0 for C-plane
sapphire, S0 for Si(001) and S1 for Si(111), while the last characters indicate the growth
conditions.
Control samples A0I, A0II and A0III have been grown on bare sapphire substrate, -
whereas samples S0I and S1I correspond to the growth on Si(001) and Si(111) covered
by a 4 Å thin Ni layer. In this case, the Ni layer was deposited in situ on the Si substrates
after the cleaning procedure consisting in a simple HF dip, subsequent loading into
the chamber for MBE and oxide desorption step. Apart from these samples, the NW
experiments were always carried out on sapphire substrates covered by a 3–4 Å thin
layer of Ni or on the bare surface of the Si substrates.
The growth parameters of the NW samples that were fabricated for the investigation of
the effects of the temperature and the Ga- and the N-rate are indicated in the first seven
lines of Table 1 and are labeled a–g. For samples A0III, A0IV, A0t1 and S0p0-S0p5, a
particular growth procedure was employed. In this case, the growth was preceded by
Ga exposure during 900 s while the keeping the N shutter closed. For sample A0t2, the
growth was first initiated on a Ni-covered sapphire substrate under N-excess to form
the NWs. The V/III ratio was later changed to Ga-excess and growth was continued.
For sample A0V, growth was carried on a Ni-covered sapphire substrate under Ga-
excess. Other samples were grown exclusively for the simultaneous investigation by
QMS and RHEED. In this case the manipulator was not rotated during growth. These
experiments correspond to samples A0m1 and A0m2 for growth on Ni-covered sapphire
substrates seen along the two different sapphire azimuths, and to samples S0m and
S1m for growth on Si(001) and Si(111) under the same temperature and V/III ratio as
condition a. Last, NW samples were obtained from growth experiment with duration
shorter than the one of the nucleation for AFM and TEM investigation. These samples
are A0p1–A0p4 for the nucleation on Ni-covered sapphire substrates and S0p0-S0p6 for
















Table 1: Parameters of Ni-catalysed GaN NW and catalyst-free GaN NW growth experiments. The label A0 stands for the use of C-plane sapphire
substrate, while the labels S0 and S1 indicate Si(001) and Si(111) substrates, respectively.
Sample Growth N-rate [Å/s] Ga-rate [Å/s] V/III ratio Growth Comment
temperature [◦C] duration [s]
A0a/S0a/S1a 730 2.0 0.4 5.0 4545 Temperature, N-, Ga-rate series
A0b/S0b/S1b 755 2.0 0.4 5.0 4545 Temperature series
A0c/S0c/S1c 780 2.0 0.4 5.0 4545 Temperature series
A0d/S0d/S1d 730 1.1 0.4 2.8 4545 N-rate series
A0e/S0e/S1e 730 0.5 0.4 1.2 4545 N-rate series
A0f/S0f/S1f 730 2.0 0.2 9.7 4545 Ga-rate series
A0g/S0g/S1g 730 2.0 0.8 2.5 4545 Ga-rate series
A0I 730 2.0 0.4 5.0 4545 Planar growth
A0II 780 2.0 0.4 5.0 4545 Planar growth
A0III 730 1.0 0.4 2.5 4545 900 s Ga pre-exposure
A0IV 730 1.0 0.4 2.5 4545 900 s Ga pre-exposure
A0V 730 1.1 1.6 0.7 5263 Ga-rich conditions
S0I 730 2.0 0.4 5.0 4545 Ni-deposition
S1I 730 2.0 0.4 5.0 4545 Ni-deposition
A0m1 730 2.0 0.4 5.0 4545 No rotation for RHEED experiment
A0m2 730 2.0 0.4 5.0 4545 No rotation for RHEED experiment
S0m 730 2.0 0.4 5.0 4545 No rotation for RHEED experiment
S1m 730 2.0 0.4 5.0 4545 No rotation for RHEED experiment
S0r 730 2.0 0.4 5.0 4545 900 s Ga pre-exposure
S1r 730 2.0 0.4 5.0 4545 900 s Ga pre-exposure
A0p1 730 2.0 0.4 5.0 15 Nucleation-time series
A0p2 730 2.0 0.4 5.0 30 Nucleation-time series
A0p3 730 2.0 0.4 5.0 60 Nucleation-time series
A0p4 730 2.0 0.4 5.0 120 Nucleation-time series
A0t1 730 2.0 0.4 5.0 0 900 s Ga pre-exposure: β-NiGa
A0t2 730 1.1 0.2/1.6 4.8/0.7 4167+877 N-rich→Ga-rich: β-NiGa
S0p0 730 2.0 0.4 5.0 0 900 s Ga pre-exposure: Nucleation-time series
S0p1 730 2.0 0.4 5.0 4 900 s Ga pre-exposure: Nucleation-time series
S0p2 730 2.0 0.4 5.0 15 900 s Ga pre-exposure: Nucleation-time series
S0p3 730 2.0 0.4 5.0 30 900 s Ga pre-exposure: Nucleation-time series
S0p4 730 2.0 0.4 5.0 60 900 s Ga pre-exposure: Nucleation-time series
S0p5 730 2.0 0.4 5.0 120 900 s Ga pre-exposure: Nucleation-time series
S0p6 730 2.0 0.4 5.0 15 Direct growth: Nucleation-time series
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